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Abstract
The ductile behavior of metals requires dislocation nucleation, from either homogeneous or
heterogeneous sources, in order to produce the large number of dislocations necessary for
extensive plastic deformation. As with the majority of the defect processes that comprise
deformation and failure of materials, dislocation nucleation is well described in the framework of
transition state theory as a stress-mediated, thermally activated process. We have used reaction
pathway sampling methods and well-fit empirical potentials to determine the stress-dependent
behavior of and atomistic mechanisms for dislocation nucleation at stresses much lower than
typically accessible to atomistic techniques. We have shown that a significant range of stresses
exist for which homogeneous dislocation loop nucleation is feasible because the critical nucleate
transitions to an in-plane shear perturbation where the shear displacement of most particles is
significantly less than the Burger's vector. We have also revealed that the common structural
conception of activation volume for dislocation nucleation does not apply for all stresses and in
general over-predicts the stress-dependence of activation by considering only the shear
displacement of the critical defect. Furthermore, by considering the full reaction pathway for
dislocation nucleation in perfect crystals and at a vacancy, we have provided a fully atomistic
description of shear localization via an expanded one-dimensional chain analysis of the wave-
steepening behavior. Lastly, both breaking the local atomic symmetry and increasing the extent
of heterogeneous nucleation sites are shown to lower the activation energy for dislocation
nucleation. In general we have applied reaction pathway sampling to the problem of dislocation
nucleation in Cu not only for a perfect crystal, but also in the presence of point defects, vacancy
clusters and nanowire surfaces. As a result the strength of a variety of nucleation sites in
mediating activation as well as specific atomistic mechanisms for dislocation nucleation have
been discussed from both structural and energetic perspectives.
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The schematic of a stress mediated activation barrier shows the behavior of the
reaction pathway as a function of applied load: r = 0 where the initial
configuration, A, is stable with respect to configuration B, r < Tah where
configuration A is metastable with respect to configuration B and the transition is
governed by the activation barrier, Q, and r = r.ath where Q = 0 and configuration
A spontaneously relaxes to configuration B with any perturbation.
A contour plot of the energy landscape for an example of the nudged elastic band
method in two dimensions where the crosses represent the initial linearly
interpolated images, open circles represent intermediate stages and the circles
connected by a solid line represent the final minimum energy path for the system.
Atomic relaxation patterns are presented as the change in interplanar distance as a
function of displacement normalized by the equilibrium interplanar spacing for
pure { I1 } <11 2> shear of a) Cu and b) Al. Calculations were performed with
the Mishin potentials (closed symbols) and DFT (open symbols)
The excess energy (open circles) for a series of fully atomistic image
configurations defines the energetic reaction pathways for homogeneous
nucleation of a leading and trailing partial dislocation loop under simple shear.
An initial leading partial dislocation is a) nucleated, b) grows, c) impinges on
itself and d) annihilates to form a stacking fault from which e) a trailing partial
dislocation is nucleated and eventually f) annihilates with itself through the
periodic boundary. The stacking fault is colored in dark blue and all other colors
correspond to the partial dislocations.
The configuration energy for a series of images along the minimum energy path
for homogeneous partial dislocation loop nucleation in Cu is plotted under
increasing applied <1 12>{ I I} shear stress. The open circles are the energies
calculated from atomistic configurations along the pathway calculated by NEB
method, and the dark line is a spline interpolation taken from the gradient of the
energy landscape at the atomistic configurations.
The stress-dependent activation energy for homogeneous dislocation loop
nucleation was calculated using the CINEB method (open circles) and fit via the
least-square method to Equation 2.1 (solid black line) in order to obtain Q, and a.
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Figure 2-8:
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Figure 2-10:
Figure 2-11:
Figure 2-12:
The evolution of the configurational energy for five MD simulations at 0.0001 K
of a perfect FCC Cu lattice under <1 12>{ 111} simple shear at r = 3.7683, 3.7702,
3.771, 3.7718 and 3.7725 GPa in order of increasing initial energy indicates that
Tath falls between 3.771 and 3.7718 GPa.
The activation energy versus applied shear stress shows reasonable agreement for
two different simulation cell sizes (-12.5 nm edge lengths versus -6.2 nm edge
lengths).
In order of increasing applied stress, the saddle point configuration takes the form
of a) a partial dislocation loop, b) an in-plane shear perturbation, and c) a shear
wave normal to the slip plane. Configurations representing the three observed
structural saddle point regimes are colored here according to the centrosymmetry
parameter with ranges of a) 0.039 to 0.25, b) 8.2 x10-4 to 3.8 x10 3 and c) 6 x10- 7
to 1.3 x1012.
A schematic of the atomic displacements (arrows) adjacent to a slip plane (bold
dashed line) illustrates that the atomic displacements cannot be used to directly
calculate the displacement across the slip plane. In the picture, dashed circles
represent the reference FCC lattice while the solid circles are the displaced
particles.
The inelastic displacement across the slip plane for a) a partial dislocation loop
and b) and in-plane shear perturbation which are calculated by fitting
displacements to a set of positions in the slip plane in order to calculate the
relative displacement between the two planes.
The structurally defined activation volume for an in-plane shear perturbation is
calculated via two methods which are schematically represented in two-
dimensions. The volume under the displacement curve is approximated in a) as
the length swept out multiplied by the maximum of the profile. A more refined
numerical approximation in b) takes a similar approach but divide the profile into
a series of small line lengths each with an associated displacement.
The activation volume for homogeneous dislocation loop nucleation calculated
using three definitions: the integral of the in-plane shear displacement (open
squares), the area swept out by half the peak displacement multiplied the peak
displacement (open circles), and the derivative of activation energy w.r.t applied
shear stress (solid line) is plotted as a function of the normalized
<1 12>{ 111}shear stress in the system.
The maximum inelastic shear displacement decreases to zero at the athermal
stress.
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Figure 3-1:
The area swept out by the dislocation, defined here as the portion of the slip plane
with shear displacement > 0.003A, decreases with increasing applied shear stress
until near the athermal stress where the dislocation begins to spread in the slip
plane.
Schematic representation of the energetic contributions to the PN model of a
dislocation. The slip plane is represented by the horizontal dashed line, the
vertical dotted lines correspond to the original "lattice" and the magnitude of the
misfit across the slip plane is given by the arrows. In a) the constant displacement
in the elastic body above the slip plane yields only misfit energy; whereas the
gradient in the displacement profile in b) disrupts the lattice above the slip plane
leading to an additional elastic energy term.
Figure 3-2: The stress-dependent misfit energy, y, is plotted here in terms of the normalized
elastic, xo/b,, and plastic, xi/b,, displacements between the two atomic planes
surround the slip plane. Values are normalized by the partial Burger's vector.
The shear stress associated with simple shear for Cu calculated via the atomistic
empirical potential by Mishin.
An example CINEB reaction pathway for homogeneous dislocation
nucleation was calculated using the PN model (open circles) at r = 3.68 GPa.
loop
The relaxed image configurations for the sample CINEB reaction pathway for
homogeneous dislocation loop nucleation at r = 3.68 GPa are a series of
displacement profiles with radial symmetry. The displacement at each of the 256
nodes representing a circular slice of the slip plane with radius, r, are shown for
the nine image configurations along the reaction pathway.
Figure 3-6: The activation energy calculated via CINEB using the PN model (open circles)
decreases at a much higher rate with applied shear stress than the least-squares fit
behavior taken from atomistic CINEB with the Mishin Cu potential (dashed line).
The activation volumes calculated from the least square fitting of the atomistic
CINEB (dashed line) and PN model CINEB (solid line) activation energies reflect
the difference in stress dependence. The structurally defined activation energy
calculated from the PN model (open squares) is also plotted.
The activation energy, QHo, calculated via the CINEB method using the PN model
holding constant the shear modulus (open circles) falls between QPN (dotted line)
and the activation energy from the atomistic CINEB calculations, Q (dashed line).
The CINEB data does not fit well (solid line) to the form used for the atomistic
data.
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Figure 4-2:
Figure 4-3:
Figure 4-4:
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Figure 4-6: For each particle in chain A (points) and chain B (open squares) the displacement
between the initial strained perfect crystal configuration and a series of images
along the reaction pathway for dislocation nucleation exhibit the four stages of
wave steepening. Shear localization in chain A occurs with a) initial divergence
from the uniform linear growth of the entire system (R7) and proceeds through b)
non-linear growth (Rs), c) formation of a shear shock (Rio) and ultimately d)
atomistic defect nucleation (R12). Displacements are given in units of angstroms.
The activation volume calculated from the least-squares fitting of the atomistic
NEB (dashed line) and the constant shear modulus PN model (solid line) exhibit
the same general trend with significantly lower volume from the PN model. The
structural defined activation volume (open squares) from the constant shear
modulus PN model increases as r approaches Tath.
Full energetic pathway for homogeneous nucleation of a leading and trailing
partial dislocation loop under <1 10>{ 111) simple shear strain of 0.96. The inset
shows the biased image density maintained prior to the climbing image along the
pathway.
The shear displacement in the <110> and the <112> directions between each
particle in the initial configuration and the corresponding particle in the first eight
images along the reaction pathway are plotted here versus the normalized particle
position in the <111> direction normal to the slip plane. The displacement
profiles, given in units of angstroms, show linear growth of a shear wave until R8,
where spreading is observed in the particle displacements in each plane.
The displacement in the <110> and <112> directions from the initial perfect
crystal configuration to a series of images along the reaction pathway is plotted
for each of 161,280 particles in the atomistic CINEB calculation. The pathway
corresponds to a) the onset of shear localization, b) the nucleation of a leading
partial dislocation loop, c) the formation of an unstable stacking fault, d) the
nucleation of a trailing partial dislocation loop and e) the return of a prefect
crystal whose strain is decreased by the Burger's vector compared to the initial
perfect crystal configuration.
A sample one-dimensional chain in the three-dimensional configuration shows the
spiral pattern along the chain direction which is a consequence of the atomic
stacking of { 11 } slip planes in an FCC lattice
The positions relative to the emerging defect for the two one-dimensional chains
used in the current analysis are shown as a white circle, chain A, and a green
square, chain B. Chain A passes through the center of the emerging defect while
chain B is as far from the center as possible considering the periodic boundary
condition.
Figure 4-7: Atomistic configurations colored by the centrosymmetry parameter representing
the four stages of wave steepening a) linear growth, b) non-linear growth, c) shear
shock formation and d) atomistic defect formation.
Figure 4-8:
Figure 4-9:
Figure 4-10:
Figure 4-11:
Figure 5-1:
Figure 5-2:
The reaction pathway for dislocation nucleation at a vacancy, calculated with the
CINEB method and the free-end algorithm, provides the energy (open circles) and
atomistic configurations for a series of images for use in the three-dimensional
wave-steepening analysis.
The positions relative to the emerging defect for the two one-dimensional chains
used in the analysis of dislocation nucleation at a vacancy are shown as a white
circle, chain Avac, and a green square, chain Bvac. Chain Avac passes through the
crystal adjacent to the vacancy while chain Bvac is as far from the vacancy as
possible considering the periodic boundary condition.
For each particle in chain Avac (points) and chain Bvac (open squares) the
displacement between the initial relaxed vacancy configuration and a series of
images along the reaction pathway for dislocation nucleation exhibit the four
stages of wave steepening. In the vicinity of the vacancy chain Avac exhibits a)
linear growth of local shear displacement wave (RI and R5) b) non-linear growth
(R6), c) formation of a shear shock (R7) and ultimately d) atomistic defect
nucleation (R9). Displacements are given in units of angstroms.
Displacement profile at both chain Avac and chain Bvac for the initial configuration
along the reaction pathway taking a perfect FCC lattice as the reference
configurations. All displacements are in angstroms.
The activation energy for dislocation nucleation at a vacancy was calculated via
the CINEB method (open circles) for a range of <112> {111} shear stresses, r, and
fit via the least-squares method to Equation 2.1 (solid black line). At all T the
vacancy-mediated activation energy is lower than the energy for homogeneous
nucleation (dashed line).
The activation volume calculated as the derivative of the activation energy (solid
line) and the integral of the inelastic displacement in the slip plane (open squares)
for dislocation nucleation at a vacancy show trends very similar to the observed
behavior for homogeneous nucleation.
A series of snapshots from atomistic configurations along the pathway for
dislocation nucleation at a vacancy reveal a behavior reminiscent of a Frank-Reed
source. Centrosymmetry for all snapshots ranges from 0.037 to 0.26 with dark
blue for the stacking fault (c.s. ~ 0.04) and all other colors corresponding to the
dislocation line or, as in a) the vacancy. An initial leading partial dislocation is b)
nucleated, c) grows from the vacancy, d) finally breaks free from the point defect
e) impinges on itself and f) annihilates to form a stacking fault from which g) a
trailing partial dislocation is nucleated and grows to bow out at the vacancy
before eventually h) breaking free of the dislocation and i) annihilating itself
through the periodic boundary.
Figure 5-4: Increasingly large clusters of atoms were removed from a perfect crystal to create
configurations with nearly spherical vacancy clusters. Each of these clusters is
labeled with the number of particles it contains.
The activation energy for dislocation nucleation under constant <112> {111 }shear
stress strain for a series of increasingly large vacancy clusters indicates that the
behavior is dominated by the surface symmetry and not the cluster size at atomic
length scales.
The saddle point configurations along the reaction pathway for dislocation
nucleation at a) the 13 and b) 19 vacancy clusters are represented by the particles
with non-FCC symmetry which include the dislocation loops and the atoms
surrounding the cluster. In addition the four slip planes which intersect the cluster
are represented by dashed lines.
Figure 5-7: Displacement profiles for a series of parallel <111> slip planes intersecting the
thirteen-vacancy cluster illustrate the local atomic relaxation near the cluster
relative to a perfect crystal lattice.
Figure 5-8:
Figure 5-9:
Figure 5-10:
Displacement profiles for a series of parallel <11l> slip planes intersecting the
nineteen-vacancy cluster illustrate the local atomic relaxation near the cluster
relative to a perfect crystal lattice.
The nanorod configuration used for NEB calculations contains 205,480 particles
and is initially 25 nm long and 10.8 nm in diameter.
In the snapshot
centrosymmetry
dislocation loop
fault in its wake.
from an MD simulation, particles are colored according to the
parameter with all FCC particles removed to reveal a partial
emerging from the surface of the nanorod and leaving a stacking
Figure 5-11: The activation energy for nucleation of a dislocation loop at the surface of a
nanowire pulled in tension is plotted with respect to the resolved shear stress in
the activated slip system.
Figure 5-3:
Figure 5-5:
Figure 5-6:
Figure A-1:
Figure A-2:
Figure A-3:
Figure A-4:
The behavior of the reaction coordinate as the NEB simulation progresses is one
indicator that a simulation is converging.
The behavior of the reaction pathway under the influence of the updated variable
spring constant method which creates high image density near the saddle point
(reaction coordinate ~ 0.04) and uniform image density along the portions of the
path with E, < Ef.
The reaction pathway for an unconverged NEB simulation utilizing the free-end
algorithm is a) susceptible to escaping the 'free end' but b) can be caught via a
simple addition to the methodology.
The reaction pathway escapes from the free end and is updated five times before
finding a stable free end which allows the simulation to converged to the
minimum energy pathway.
Chapter 1
Introduction
1.1 Motivation and Background
Strength is a fundamental consideration for most material applications. Both the onset and
accumulation of plastic deformation are critical to the understanding of material strength, and
each can be described in terms of macroscopic constitutive behavior and continuum theory. In
fact, although the unit processes involved in yield and deformation occur primarily at the
atomistic level [1, 2], the fundamental theoretical work describing the structure and properties of
dislocations began in the early part of the 20th century before researchers had access to atomic-
scale information from either microscopy or atomistic simulations. Detailed atomistic studies to
gain insight into the mechanisms for yield and plastic deformation governing materials strength
can lead to a broader understanding of the macroscopic behavior of materials under applied
stress.
Atomistic simulations techniques have been used extensively to study the deformation of
materials [3-16]. Specifically, molecular dynamics (MD) can be used to probe the time-
dependent evolution of an atomistic system driven by an applied stress or strain state [17].
However, in order to accurately capture the vibrational motion of atoms a timestep on the order
of femtoseconds is required. The constrained timestep for MD constitutes a severe limitation to
the total time that can be feasibly simulated with current computational resources. Deformation
studies with MD are therefore limited to extremely high strain rates, on the order of 1 x 108 s- at
the lowest [9, 18]. The majority of material applications and experimental work occurs at strain
rates eight to ten orders of magnitude lower than those accessible by MD. As a result of the high
strain rate, the stress driving the formation and propagation of defects via MD simulation
typically meets or exceeds the athermal limit at which the processes are expected to occur
spontaneously.
Deformation unit processes, such as dislocation nucleation, are stress-mediated, thermally
activated transitions. In order to outline the relevant behavior of such transitions, we will
consider a system at equilibrium under zero applied shear stress, r, which sits at a local minimum
in a model potential energy landscape. In Figure 1-1 this configuration is depicted schematically
as A at T = 0. The transition to state B requires overcoming an energetic barrier and at r = 0 the
final state is energetically unfavorable. When a shear stress is imposed on the system, the
potential energy landscape shifts until, at the athermal stress, r =Tath in Figure 1-1, the activation
barrier for the transition disappears. The initial configuration has become unstable, and any small
perturbation of the system will cause immediate transition. In the example of dislocation
nucleation, the crystalline lattice becomes mechanically unstable and a dislocation forms
spontaneously at this critical stress. For any stress below ra, the activation barrier, Q, can be
defined as the difference between the energy of the local equilibrium configuration at A and the
maximum energy for the transition that must be overcome to reach state B which occurs at the
energy peak in Figure 1-1 or, in higher dimensional space, a saddle point configuration. In
general a range of stresses exist for which the transition to state B is favorable but requires the
application of some thermal energy to overcome the activation barrier. Many deformation unit
processes such as dislocation nucleation, cleavage decohesion, and twin boundary migration can
be accurately described in the terms of thermally-activated processes with stress-mediated
activation barriers[5, 19, 20].
0O Figure 1-1: The schematic of a stress mediated
activation barrier shows the behavior of the
reaction pathway as a function of applied load:
r = 0 where the initial configuration, A, is
stable with respect to configuration B, r < rath
T "- Tath where configuration A is metastable with
respect to configuration B and the transition is
governed by the activation barrier, Q, and r =
Tath where Q = 0 and configuration A
spontaneously relaxes to configuration B with
any perturbation.
A B
Although much work atomistic work has been performed to study the deformation of
materials, particularly via MD simulation, another group of methods developed specifically to
efficiently probe configuration space has recently been adopted by the materials community. The
methods, broadly described as reaction pathway sampling methods, search for the saddle point
configurations and in some cases the full minimum energy pathway between stable
configurations. These include the nudged elastic band (NEB) method [21, 22] and the dimer
method [23, 24] which have recently been developed and have not been used to explore materials
problems to the same extent as MD or other more established atomistic simulation methods.
However, some examples of the application of these methods to materials processes do exist,
predominantly in the study of dislocation motion [6, 25, 26] and crack extension [3, 27]. As the
name implies, reaction pathway sampling methods yield information regarding the energetics of
''reaction pathways" including the minimum energetic barrier to a material transition found at the
saddle point configuration and, in some cases, the entire minimum energy path between the
initial and final stable states.
Reaction Pathway Sampling Methods
The majority of the work presented in this thesis makes use of the NEB method, which is an
efficient numerical scheme for finding both the saddle point configuration and minimum energy
pathway between an initial and final state. In the NEB method an initial and final configuration
are required as input, but a specific reaction coordinate, such as the radius of a dislocation loop,
is neither known in advance nor imposed during the calculation. Instead the change in position of
every particle in the system is taken as the reaction coordinate allowing the method to probe the
entirety of configuration space. The NEB method also requires as input a series of
configurations, known as images, which represent an initial guess at the pathway between the
input initial and final configurations. In our discussion these images are denoted by R1, R2,
RNI where NI is the number of images and R, and RNI correspond to the initial and final
configurations which in the standard implementation of the NEB method are at all times fixed.
The energy landscape for a schematic system with only two degrees of freedom is plotted as a
contour map in Figure 1-2. The initial images are shown as blue crosses and were produced
through a simple linear interpolation between the initial and final configuration. A single
iteration of the NEB method involves calculation of the tangent vector, Ti, between each image,
calculating the force, F;, on each image, and updating the series of images based on the forces. F;
is calculated as the sum of a non-physical spring force component acting parallel to the tangent
and the true force component acting perpendicular to the tangent direction. The spring force
ensures that the images remain equally spaced along the path and the true force is allowed to
'nudge' the images towards the minimum energy path (MEP). In Figure 1-2 two intermediate
iterations of the relaxation are shown as a series of open circles. The final converged series of
image configurations, given by open circles connected with a line, follows the MEP and includes
two images falling fairly close to either side of the saddle point configuration. Reaction pathway
sampling methods are an area of open research and several updates to the basic NEB formalism
proposed by various researchers, including the use of a saddle point searching algorithm, have
been put to use in the work that follows and are described in more detail alongside the projects
for which each is used. In addition we have included, as Appendix A, a practical guide which
discusses the use of the NEB method for problems in high-dimensionality configurational space
and some solutions to method-base problems we have encountered along the way.
Figure 1-2: A contour plot of the energy
4 landscape for an example of the nudged
3 elastic band method in two dimensions
2 where the crosses represent the initial
linearly interpolated images, open
circles represent intermediate stages and
0 the circles connected by a solid line
1 represent the final minimum energy
- 7- path for the system.
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Although unlike MD reaction pathways sampling methods provide no direct dynamic
information, activation barriers for thermally activated processes and, in the case of the NEB, a
series of configurations corresponding to a minimum energy pathway can be produced by
efficiently probing potential energy hyperspace. These configurations can be thought of as a
series of snapshots along the most probable path for the transition being studied and thereby
yield mechanistic information without dynamics [28-30]. Furthermore in the context of transition
state theory the activation barriers can be used to estimate a rate of transition [31].
A Comment on Potentials
The heart of any reaction pathway sampling method is the empirical potential or other
energetic material description employed. Prior to the last decade, empirical potentials were
predominantly fit to equilibrium properties such as lattice constants, cohesive energies, and
elastic constants because experimental data for configurations away from equilibrium is
relatively difficult to obtain [17, 32]. Potentials derived in this way often produce reasonable
results for properties and configurations observed near equilibrium. However, the goal of
reaction pathways sampling techniques is to accurately capture the energy and atomic
configuration of a system along the entire pathway including configurations far from
equilibrium. In fact the most critical configurations for the use of these methods in studying
materials deformation are the unstable saddle point configuration associated with the activation
barriers to defect nucleation and motion. The empirical potentials of the past could not have been
constructively employed to sample these saddle point configurations. However, starting with a
potential fit by Sankey and Niklewski [33], which employed a force-matching scheme, empirical
potentials have been increasingly fit to ab inito data which contains information about a wide
range of configurations including those far from equilibrium [32, 34-36].
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As an example of the advancing capabilities of modern potentials two Al EAM potentials by
Ercolessi and Adams [32] and by Mishin and others [34] as well as a Cu EAM potential by
Mishin and others [35] were benchmarked against ab initio calculations of the affine shear strain
energy and the multiplane generalized stacking fault energy [37]. The full results are discussed
elsewhere [12, 38, 39], but Figure 1-3 contains the relaxation pattern during affine shear of a) Cu
and b) Al with the Mishin potentials and DFT calculations. The Cu potential accurately captures
even these detailed unstable configurations related to shear deformation. The Al potential does
qualitatively capture much of the relaxation behavior observed with DFT; however, expansion
occurs in the <112> direction which is not observed with DFT. The less robust nature of the
potential for Al is related to the directional nature of bonding in Al [40, 41] and the relative
difficulty of matching a potential with directional bonds to the inherently spherical EAM form
[37, 42, 43]. The uniform, spherical nature of bonding in Cu makes it ideally suited for
description by the functional form used in EAM potentials. This degree of benchmarking shows
accurate reproduction of local atomic structure for configurations far from equilibrium in the
case of the Cu potential and allows for detailed understanding of the results obtained with
empirical potentials. Well-benchmarked, high-level empirical potentials have paved the way for
confident use of reaction pathway sampling techniques to study the unit processes of plastic
deformation.
The reaction pathways for many deformation unit processes such as dislocation nucleation
and propagation have not been described with fully atomistic simulations at stresses significantly
below the athermal load. In particular we will discuss dislocation nucleation in a variety of
structural environments as a means of producing defects responsible for the extensive plastic
deformation necessary for ductility in Cu. The combination of recently developed reaction
pathway sampling methods and high-end empirical potentials will yield a more detailed
mechanistic understanding of these unit processes than previously attainable through atomistic
simulation.
1.2 Problem Statement
In this thesis we explore the stress-dependent behavior of dislocation nucleation in a ductile
metal, Cu, in a perfect crystal, at a vacancy or vacancy cluster, and at the surface of a nanowire.
For each system we apply the Nudged Elastic Band technique and the energetics from high-end
empirical potentials, either directly for atomistic calculations or indirectly as input to continuum
descriptions of dislocation nucleation. We therefore gain access to both energetic and
mechanistic information for systems under a range of driving stresses that extends far below the
athermal stress. Although the local environment for the emerging dislocation ranges from bulk
perfect crystal, to point defects and surfaces, the dislocations being nucleated are essentially
equivalent allowing for discussion of the effects of the structural environment on the creation and
propagation of a common defect contributing to plastic deformation. Within this context we
engage several problems of current interests to the mechanics of materials community.
In chapter two, using the NEB method, we calculate the minimum energy pathway for
homogeneous dislocation loop nucleation under a range of shear stresses approaching the
athermal stress. The energetic and structural description of the saddle point provided by these
calculations is used to bring together the conflicting structural and analytic definitions of
activation volume. Furthermore, we are able to characterize the behavior of the saddle point
configuration as a function of the applied shear stress in the general context of nucleation under a
thermodynamic driving force. The fully atomistic calculations of activation energy also allow us
to test the effectiveness of common continuum descriptions for the energetics of dislocation
nucleation.
The atomistic simulations in chapter two intrinsically incorporate all of the stress-dependent
behavior captured by the underlying empirical potential. However there is no straightforward
way turn off and on the various contributions to the stress dependence when using the fully
atomistic potential. With this in mind, we implement in chapter three a Peierls-Nabarro model
within the NEB framework to pinpoint the physical origins of the stress-mediation for the test
case of homogeneous dislocation nucleation.
In order to develop an atomistic understanding of the onset of plastic deformation, in chapter
four we expand a simple one-dimensional chain description of the shear localization process to
fully three-dimensional reaction pathways taken from NEB simulation. The onset of plastic
deformation cannot be fully described by continuum theory or simulation because they ignore by
design the discrete nature of the atomic lattice. Nucleation from a perfect crystal is more
accessible to continuum description, but the many defect-mediated processes in materials
deformation rely on specific atomic-scale mechanisms. The one-dimensional chain analysis first
shows the general validity in three dimensions of the wave-steepening description of shear
localization. Secondly, we compare the wave-steepening behavior for a perfect lattice and a
configuration containing a single vacancy in order to discuss the structural process of stress
concentration at a heterogeneity and illuminate the process by which point defects predispose a
lattice towards instability.
In chapter five, we discuss the effects of heterogeneity on the energetics of dislocation
nucleation. In general heterogeneous nucleation is considered energetically favorable relative to
a similar homogeneous process. As a result, moving from a fundamental discussion of nucleation
in the model perfect crystal towards atomistic understanding of specific heterogeneous defect
processes is a necessary step in describing plastic deformation in real materials. There are a vast
array of heterogeneous process that can occur in the onset and accumulation of plastic
deformation. We choose a few representative examples as an indication of the types of
information accessible to reaction pathway sampling. First we perform an analysis of the stress-
dependent behavior for dislocation nucleation at a vacancy to calculate the effects of a simple
heterogeneity on the activation energy and activation volume. Secondly we calculate the reaction
pathway for nucleating dislocations at a series of increasingly large vacancy clusters to observe
the effects on the activation energy of increasing the lattice disruption and varying the local
atomic structure of heterogeneities. Lastly we determine the effects of tensile loading on the
activation energy for dislocation nucleation at the surface of a nanowire.
Chapter 2
Activation Volume for Homogeneous
Dislocation Loop Nucleation via Atomistics
2.1 Introduction
Homogeneous dislocation loop nucleation is a classic problem in crystal plasticity often used
as a test case for a variety of computational and theoretical work [44-48]. However, the viability
of homogeneous nucleation as a mechanism for real materials deformation in competition with
heterogeneous processes has long been in doubt [45] and has even been questioned as a potential
explanation for material behavior under nanoindentation because of the relatively large volume
involved in the production of a homogeneous dislocation loop [49, 50]. In order to discuss the
feasibility of homogeneous dislocation nucleation, we have used atomistically-informed
sampling methods to find stress-dependent reaction pathways and saddle point configurations
with the purpose of measuring the rate at which applied stress decreases the activation energy, a
quantity known as the activation volume. Further we have investigate the definition of activation
volume in terms of atomic structure at the saddle point and will show that although the critical
defect for nucleating a partial dislocation loop may encompass several hundred atoms, the nature
of these defects allows the activation volume to remain low. Consequently the activation energy
for homogeneous dislocation loop nucleation is low enough to be reasonably accessible to
thermal fluctuation at stresses well below the athermal stress.
Activation volume is a key concept in our understanding of the many stress-mediated,
thermally-activated mechanisms that make up deformation and eventual failure in materials.
However, in practice the activation volume assumes numerous often conflicting definitions [45,
51]. Activation volume is strictly defined as the derivative with respect to stress of the activation
energy for a thermally activated process [52]. In continuum-scale, thermodynamic descriptions
of homogeneous dislocation nucleation such as those developed by Cottrell and Kocks the stress
dependence is restricted solely to the work required to create a defect against a constant stress
[45]. In this case the activation volume is typically defined structurally as the area swept out by
the dislocation loop at the saddle point multiplied by the burger's vector of the dislocation. While
this structural definition of activation volume holds to the strict definition for these models, its
incorrect correlation with the actual stress dependence of deformation processes has gained wide
usage [20, 53, 54]. Another set of alternative definitions come from the many basic nucleation
formalisms in which "activation volume" is used as a constant fitting parameter with no
indication of the widely accepted non-linear stress dependence of the activation energy. All of
these models have at least a limited range over which they can be reasonably used to represent
either defect energy or nucleation rates; however, activation volume has become a confusing
term used too readily to simultaneously describe the structure of a saddle point configuration, the
stress dependence of all models, and, at least in theory, the actual stress dependence of the
activation energy for deformation unit processes. In the current work we have used fully
atomistic calculations of the activation energy for homogeneous dislocation nucleation as well as
the atomistic saddle point configurations in order to provide a better understanding of the stress-
dependant behavior of the activation volume.
In recent years there has been a particular focus on nanoindentation as a means of reaching
the high stresses in a local region of perfect crystal required for homogeneous dislocation
nucleation to dominate over the variety of heterogeneous processes that govern plasticity under
most circumstances [8, 55-60]. The original observations of homogeneous dislocation loop
nucleation under nanoindentation were performed using atomistic simulation where not only was
the strain rate associated with deformation much higher than experimental rates but also the
nanoindenter tip was in general smaller than experimentally accessible. Recent simulations
utilizing a range of indenter sizes have indicated that homogeneous dislocation loop nucleation
occurs only for indenter tips smaller than the current state of the art experimentally and that a
surface nucleation mechanism likely dominates in most experimental observations [58]. Further
doubt has been cast on the feasibility of a homogeneous model by a series of high-temperature
experiments which have predicted an activation volume associated with plasticity under a
nanoindenter that is far too small over too wide a range of stresses to fit the standard conception
of homogeneous dislocation loop nucleation [49, 50]. The experimental and computational work
indicating the dominance of surface nucleation in nanoindentation is compelling; however, a
significant concept in understanding the stress dependence for dislocation nucleation seems to
have been overlooked. Although nanoindentation is capable of probing very small material
volumes, the local region associated with nucleation of a defect is still significantly smaller. As
the onset of defect nucleation is approached this smaller "local region" becomes mechanically
unstable. The result is essentially a composite behavior where in the locality of the emerging
defect the elastic constants approach zero while the surround "bulk" material maintains elastic
stiffness commensurate to the applied indenter load. Activation volume for nanoindentation
under an indenter load, P, is typically defined experimentally as dQ/dP, where Q is the activation
energy. In terms of the stress at the emerging defect, r, the activation volume can then be written
as dQ/dP = dQ/dr*dr/dP. However, as mechanical instability drives the elastic constants
towards zero dr/dP approaches zero. The applied indenter load becomes relatively unable to load
the "activate" region and as a result a measurement of dQ/dP ceases to be a conclusive indication
of the stress dependence of the activation energy in the localized region. By directly calculating
dQ/dr via atomistic simulation in a relatively small volume of material we are able to capture the
true stress dependence of the activation energy.
2.2 Reaction Pathways for Homogeneous Dislocation Loop Nucleation
Nudged elastic band (NEB) relaxations [21] of the pathway for homogeneous dislocation
nucleation in Cu were performed using the embedded atom method (EAM) potential developed
by Mishin et al [35] as the basis for calculation of both the total energy and atomic forces. An
example of the full path is plotted in Figure 2-1 with each open circle representing the energy
associated with a fully atomistic image configuration along the relaxed path. The 3N spatial
degrees of freedom, associated with the N particles in each image configuration, are used as the
degrees of freedom in our implementation of the NEB method. Distance between images in this
3N hyperspace, defined as |R; - R;.1j, then serves as the reaction coordinate for the description of
the pathway for dislocation nucleation. In all cases the reaction coordinate is normalized by the
total pathlength. The calculation of the reaction pathway is considered converged when the sum
of the atomic forces perpendicular to the path is less than 0.005 eV/A2 for each 161,280 particle
image configuration.
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Figure 2-1: The excess energy (open circles) for a series of fully atomistic image configurations
defines the energetic reaction pathways for homogeneous nucleation of a leading and trailing
partial dislocation loop under simple shear.
a) b)
d) e) f)
Figure 2-2: An initial leading partial dislocation is a) nucleated, b) grows, c) impinges on itself
and d) annihilates to form a stacking fault from which e) a trailing partial dislocation is nucleated
and eventually f) annihilates with itself through the periodic boundary. The stacking fault is
colored in dark blue and all other colors correspond to the partial dislocations.
A series of representative snapshots from the full reaction pathway for homogeneous
dislocation loop nucleation is presented in Figure 2-2. Particles are colored according to the
centrosymmetry parameter [61] and those with centrosymmetry below 0.039 are removed in
order to display the emerging defect. Those particles contributing to the stacking fault are
colored in dark blue, centrosymmetry between 0.039 and 0.05, and all other colors correspond to
the partial dislocations, centrosymmetry between 0.08 and 0.25. The observed behavior is as
expected within the constraint of atomistic simulations with a periodic boundary condition. An
initial leading partial dislocation is nucleated on a particular {II) slip plane (Figure 2-2a). The
propagation of a partial dislocation leaves behind a stacking fault and a partial dislocation loop
constitutes the boundary of the stacking fault within the slip plane (Figure 2-2b). Because of the
periodic boundary, the partial dislocation loop impinges upon itself in Figure 2-2c to and
eventually the dislocation dipoles on opposite sides of the loop annihilate with one another to
form a stacking fault across the entire slip plane in Figure 2-2d. As we move further along the
path in Figure 2-1, the trailing partial dislocation shown in Figure 2-2e is nucleated and,
following its leading counterpart, sweeps across the slip plane and through the periodic boundary
to ultimately annihilate as well (Figure 2-2f). The specifics of the trailing partial dislocation
nucleation process do not affect the activation barrier for homogeneous dislocation loop
nucleation. However, in the interest of completeness, we have noted that the path depicted in
Figure 2-2 holds until the applied stress decreases the partial dislocation splitting distance to
below the width of the simulation cell and a trailing partial dislocation is nucleated prior to the
formation of a complete stacking fault.
2.3 Stress-Dependent Activation
In Figure 2-3 the energy of each image along the pathway for homogeneous dislocation
nucleation is shown as a function of reaction coordinate for a series of successively higher
<112> { 11 } shear stresses, r. The series of image configurations in the full reaction pathway
corresponds to the nucleation of first a leading and then a trailing partial dislocation, and as such
the activation barrier presented is associated with the initial nucleation of a leading partial
dislocation loop encircling a stacking fault as outlined in Figure 2-2. However, two upgrades to
the basic NEB formulation have been implemented for the stress-dependent calculations. First,
we have utilized the climbing image implementation (CINEB) which allows a single image to
search for the saddle point ensuring an accurate description of this critical configuration [62].
Secondly, a "free-end" algorithm [63], which allows for an unstable final configuration in the
CINEB framework, was used for these calculations to both improve computational efficiency by
reducing the required number of images and to improve the accuracy of the path description near
the saddle point due to increased image density. In these CINEB calculations the <112> { 111 }
shear strain is held constant, and the reported shear stress is taken to be that of the perfect crystal
under the applied strain state. The pathways shown in Figure 2-3 exhibit the expected trend of
decreasing activation barrier with increasing applied shear stress up to the critical stress, rah.
Although the deficiency of continuum descriptions for dislocation loops whose radii are on the
order of the burgers vector is well known [48], we note for completeness that considering a fully
atomistic configuration eliminates the unphysical stable pre-nucleates observed in such
continuum descriptions.
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Figure 2-3: The configuration energy for a series of images along the minimum energy path for
homogeneous partial dislocation loop nucleation in Cu is plotted under increasing applied
<112>{111} shear stress. The open circles are the energies calculated from atomistic
configurations along the pathway calculated by NEB method, and the dark line is a spline
interpolation taken from the gradient of the energy landscape at the atomistic configurations.
The shear-stress dependent activation energy for homogeneous partial dislocation loop
nucleation calculated using the CINEB method is plotted in Figure 2-4 (open circles). Within the
framework of stress-mediated, thermally-activated processes the activation barrier which must be
overcome by thermal fluctuation is a maximum at zero stress and decreases to zero at the
athermal shear stress at which the dislocation will nucleate spontaneously. The activation barrier
should therefore fit the following form [46, 52, 64, 65]:
(2.1)Q = Q" (I - I- / rCgJ ) "
where increasing the applied shear stress, r, decreases the magnitude of the activation barrier. Q,
is the activation energy at r = 0, and the exponent, a, controls the rate at which the applied shear
stress decreases the activation energy.
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Figure 2-4: The stress-dependent activation energy for homogeneous dislocation loop nucleation
was calculated using the CINEB method (open circles) and fit via the least-square method to
Equation 2.1 (solid black line) in order to obtain Q, and a.
A least-squares fit of the Q(r) data taken from the CINEB simulations to the parameters Q0
and a in Equation 2.1 yield values of 13.7 and 1.82 respectively (Figure 2-4 solid curve). The
choice of Tah has a non-trivial effect on the fitting parameters and as a consequence has been
validated in two ways. First, within the framework of the least squares fitting procedure for Q(r),
rat = 3.78 minimizes the R2 value for the full data set and can therefore be taken as the athermal
stress indicated by the NEB methodology. Secondly, MD simulations at a temperature of 0.0001
K and a series of constant <112> {111} simple shear were performed. In all cases the crystal
lattice was stable for stresses below 3.771 GPa and nucleated a dislocation for stresses above
3.7718 GPa. The evolution of the configurational energy over time for representative runs near
Tath is shown in Figure 2-5. The MD simulations serve as a sanity check for the athermal stress
indicated by the least-squares fitting procedure. Throughout the thesis, Tath for homogeneous
dislocation loop nucleation is taken to be 3.78 GPa as indicated by the NEB fitting procedure.
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Figure 2-5: The evolution of the configurational energy for five MD simulations at 0.0001 K of a
perfect FCC Cu lattice under <112>{111}1 simple shear at T= 3.7683, 3.7702, 3.771, 3.7718 and
3.7725 GPa in order of increasing initial energy indicates that Tat, falls between 3.771 and
3.7718 GPa.
The periodic boundary condition raises a particular question of convergence for our NEB
simulations of activation energy. Our actual system is a periodic, three-dimensional array of
shear defects emerging simultaneously under the applied shear stress. Figure 2-2 shows the
annihilation of the partial dislocation loops with these periodic image configurations. The
presence of these periodic images lowers the energy associated with the emerging defect because
the far-reaching elastic field surrounding dislocations of opposite sense cancel one another. In
order to comment on the convergence of our calculations w.r.t the simulation cell, we have
calculated the activation energy for homogeneous dislocation loop nucleation via CINEB
simulations in cells containing 20,160 particles at three applied <112>{111} shear stresses.
These activation energies are plotted in Figure 2-6 (open triangles) along with the previously
reported activation energies calculated with the 161,280 particle simulation cell (open circles).
The periodic distance associated with the smaller simulation cell is one-half that of the larger cell
(-12.5 nm versus 6.2 nm). At 0.8 r.tah the difference in activation energy is about 0.06 eV or
roughly 10% of the activation energy calculated using the larger cell. The magnitude of the
difference decreases as r approaches r.tah, but the percentage difference grows to almost 20% at
0.94 r.,h. However, these simulations indicate a reasonable numerical agreement between the
two cell sizes. We have used the larger cell throughout the current work with the goal of limiting,
to the extent possible within the bounds of computation resources, the effects of the elastic
interactions through the periodic boundary.
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Figure 2-6: The activation energy versus applied shear stress shows reasonable agreement for
two different simulation cell sizes (-12.5 nm edge lengths versus -6.2 nm edge lengths).
The first point of reference for discussion of the magnitude of the activation energy for
homogeneous dislocation nucleation is a discussion by A. H. Cottrell in the 1950's [45] which
states that thermally activated nucleation is impossible for anything but stresses very near the
athermal stress. Although the declaration was based on a simple model with limited stress
dependent behavior, the prevailing concept that homogeneous dislocation loop nucleation is
kinetically infeasible has persisted. A more recent calculation by Xu and Argon predicts the
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activation energy for Cu at r/arth = 0.5 to be 16 eV [44]. Based on the fit of atomistic data to
Equation 2.1 we have calculated the activation energy to be 3.9 eV at the same level of
normalized shear stress. The disparity in activation energies highlights the usefulness of the
generic reaction coordinate employed in our atomistic CINEB calculations. While formulating a
continuum description of a specific defect process requires a researcher to make specific choices
to include various degrees of freedom, the atomistic NEB allows the system to make those
choices based on the energy landscape. There are several recent examples where additional
relaxation from fully atomistic descriptions of dislocation nucleation and propagation has
provided as much as an order of magnitude decrease in the activation energy compared to
continuum energy descriptions [20, 66]. The differences in activation energies have been
attributed to the increased degrees of freedom associated with the atomistic simulation. In
particular the work by Xu and Argon ignores takes the shear modulus to be constant even as the
applied shear stress approaches the athermal stress. The atomistic calculations can be seen as an
indication of the possible routes towards improvement of such continuum descriptions for defect
processes.
2.4 Structural Regimes for Saddle-point Configurations
Our goal is to provide insight into the stress-dependence of homogeneous dislocation
nucleation and the validity of our current definitions of activation volume. However, some
immediate insight can be gleaned from the simple observation that three separate regimes exist
for the general structure of the saddle point configuration as the applied stress in the system is
increased. A representative atomistic configuration from each regime is given in Figure 2-7
where particles are colored according to the centrosymmetry parameter.
First at the lowest values of applied stress (less than 0.6 rath) the saddle point configuration is
a partial dislocation loop (Figure 2-7a) the size of which decreases with increasing applied stress.
In the first regime the activation energy is above 2.0 eV and thermal fluctuations are unlikely to
result in dislocation nucleation. The probability of a random thermal fluctuation resulting in a
fully formed partial dislocation loop should realistically be very low which makes the high
activation energy in this regime satisfying from a purely intuitive standpoint. The theoretical
difficulty of nucleating such an extended defect has historically been cited as indication that
homogeneous nucleation was not feasible [45]. However, a fully formed dislocation loop is not
the critical configuration above 0.6 r,,h. In the range of 0.6 r.h < r < 0.99 rh the saddle point
configurations take the form of in-plane shear perturbations whose maximum displacement is
below b, and as such do not constitute fully-formed dislocation loops. The representative
configuration in Figure 2-7b shows a continuous degrease in the centrosymmetry from a peak of
3.8 x10 3 at the center of the elliptical defect to a minimum of 8.2 x10-4. As the stress is increased
in this second regime the magnitude of the maximum centrosymmetry decreases; however, the
size of this elliptical defect remains relatively constant until very near the athermal stress where
some spreading is observed.
a) b) c)
Figure 2-7: In order of increasing applied stress, the saddle point configuration takes the form of
a) a partial dislocation loop, b) an in-plane shear perturbation, and c) a shear wave normal to the
slip plane. Configurations representing the three observed structural saddle point regimes are
colored here according to the centrosymmet 7 parameter with ranges of a) 0.039 to 0.25, b) 8.2
x10-4to 3.8 x10 3 and c) 6 x10- to 1.3 xlO'
The last regime at the highest values of applied shear stress very near to ragh corresponds to
shear perturbations not localized to the eventually activated slip plane (or to any other single slip
plane). The configurations associated with this regime show breaks in crystal symmetry spread
throughout the crystal as either a shear wave normal to the slip plane or some intermediary stage
as these shear waves collapse and localize to the activated slip plane (Figure 2-7c). Practically,
the last regime would be difficult to observe experimentally as the saddle points are roughly
phonon modes which always exist in a crystal at temperature. The range of stress at which
thermal activation of homogeneous dislocation nucleation is feasible (say with activation energy
below leV) extends below 0. 75rath including the second and third saddle point regimes. From a
structural standpoint, stresses at which the eventual formation of a dislocation loop within a
crystalline lattice is kinetically viable are possible because the existence of in-plane shear
perturbations as saddle-point configurations removes the requirement of thermally inducing a
fully formed dislocation loop.
The value of the exponent in Equation 2.1 has been the subject of some recent debate. In
particular Cahn et al have shown a = 1.5 for stress-dependent processes defined by a single
degree of freedom or reaction coordinate and broadly applied the analysis to dislocation
nucleation [46]. However, even a fully formed partial dislocation loop is not completely
described by the area swept out or the radius of the defect as the shear displacement within the
stacking fault is not constant at b, for a real defect. Likewise, in the second saddle point regime
where the maximum shear displacement exhibits the most significant change with applied stress,
the area swept out by the in-plane shear perturbation is not constant. The more complicated shear
stress dependence of the saddle point may be captured in the atomistically calculated a = 1.82.
The assumption of a single reaction coordinate does not fully hold for homogeneous dislocation
loop nucleation particularly in the second saddle point regime near the critical stress where
thermal activation is most energetically feasible.
2.5 Activation Volume
The fully-atomistic CINEB calculations intrinsically include the full stress-dependence of the
nucleation processes. However, the various continuum models in use over the past few decades
have considered various subsets of the stress-dependencies which exist for dislocation
nucleation. Over time the definition for activation volume has become synonymous with the
most popular of these models. In particular the stress dependence of the Gibb's free energy, G,
for a dislocation loop in the classic formulation is limited to a term for the work required to
create an inelastic shear strain within the area swept out by the dislocation against a constant
shear stress [45, 48]. The work term is give by:
W= =Ver* = d< I >acic - d<1 -rT (2.2)
where, for an elliptical partial dislocation loop with radii a and c, V is the volume in which the
work is performed, e is the shear strain in the slip plane and 7 is the applied shear stress. The
interplanar spacing in the <1I1> direction, d<ml1>, cancels out and the purely structural definition
of activation volume taken from the Gibb's free energy, which has found widespread use, is then
given by:
__r ar
As discussed previously the structurally-defined activation volume, D', is in this formulation
the magnitude of the shear displacement associated with a dislocation, multiplied by the area
swept out by the dislocation loop. Because real dislocations are not discontinuous displacement
profiles as assumed by Equations 2.2 and 2.3, standard practice in determining D' is to define the
area within the slip plane with a displacement greater than some fraction of the maximum
displacement as the area swept out by the dislocation and to multiply this by the maximum
displacement, b, in the case of a partial dislocation loop. For a fully formed partial dislocation,
Equation 2.3 is then a reasonable approximation of this structural definition of activation
volume. A more rigorous approach is to integrate the inelastic displacement across the slip plane,
u(x,y), with respect to the in-plane spatial dimensions, x and y.
' = Jfu(x, y) dxdy (2.4)
Equation 2.4 provides a coherent structural definition of activation volume applicable for any in-
plane shear perturbation or defect.
Figure 2-8: A schematic of the atomic displacements (arrows) adjacent to a slip plane (bold
dashed line) illustrates that the atomic displacements cannot be used to directly calculate the
displacement across the slip plane. In the picture, dashed circles represent the reference FCC
lattice while the solid circles are the displaced particles.
In order to calculate the structural activation volume as defined by Equation 2.4, we must
first calculate u(xy) for each atomistic saddle point configuration calculated using the CINEB
method. The slip plane is represented in Figure 2-8 by the bold dashed line between the two
schematic { 111 } planes. The displacement in the slip plane is defined as the relative change in
the position of the atomic planes above and below any point in the slip plane. In general for an
atomistic simulation, each of the particles has a unique displacement within the atomic plane
which is represented in Figure 2-8 as an arrow whose length indicates the magnitude of the
particle displacement. However, the discrete atomic positions cannot be used to directly calculate
u(x,y) in the slip plane because particles are rarely, if ever, found along the same <111> normal
due to the stacking order of { lI I} planes in Cu's FCC lattice. To overcome the difficulties posed
by the atomic lattice, we have fit a smooth displacement profile to the atomistic data for both
{ 111 } planes adjacent to the slip plane. With these two continuous profiles we can calculate the
shear displacement across the slip plane for a finely spaced mesh of points in the slip plane.
Examples of the resulting displacement profiles for a fully formed partial dislocation loop and
for an in-plane shear perturbation are shown in Figure 2-9.
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Figure 2-9: The inelastic displacement across the slip plane for a) a partial dislocation loop and
b) and in-plane shear perturbation which are calculated by fitting displacements to a set of
positions in the slip plane in order to calculate the relative displacement between the two planes.
Having calculated the displacement profile in the slip plane, application of Equations 2.3 and
2.4 to the displacement profiles of the CINEB-derived atomic configurations represents two
methods for calculating the structurally defined activation volume. The area swept out by the
dislocation loop is calculated by performing a least squares fit of the equation for an ellipse to
the points in a displacement profile such as those in Figure 2-9 which fall between 0.5
Um..±O.01 um, where um is the maximum inelastic shear displacement in the slip plane.
Adopting the convention of Equation 2.3 for the case of an in-plane shear perturbation, the
structurally-defined activation volume is then calculated as:
Q'= acrr - umX (2.5)
Following Equation 2.4 the numerical integral of u(x,y) is taken as the displacement at a series of
grid-points in the slip plane, which are calculated from inelastic displacement profiles such as
those shown in Figure 2-9 multiplied by the area associated with each point. Convergence of the
integral was reached for a square mesh 0.31 A on a side. Two dimensional illustrations of the
two methods for calculating D' are shown in Figure 2-10. In principle the simplified method in
Figure 2-10a should be a reasonable approximation of the numerical integral in Figure 2.10b.
The method in Figure 2-10a is however particularly suited to the description of the extended
dislocation loops for which it was initially adopted since the volume under the displacement
profile for a dislocation loop is dominated by the displacement plateau associated with the
stacking fault.
a) b)
Figure 2-10: The structurally defined activation volume for an in-plane shear perturbation is
calculated via two methods which are schematically represented in two-dimensions. The volume
under the displacement curve is approximated in a) as the length swept out multiplied by the
maximum of the profile. A more refined numerical approximation in b) takes a similar approach
but divide the profile into a series of small line lengths each with an associated displacement.
So far we have focused on one of the most commonly used definitions of activation volume
which is based on the structure of the critical defect. However, the rigorous definition of the
activation volume continues to be the derivative of the activation energy (plotted in Figure 2-4)
with respect to the applied shear stress. The activation volume calculated using Equations 2.4
and 2.5 and as the derivative of Equation 2.1 has been plotted as a function of normalized shear
stress in Figure 2-11. The form of Equation 2.1 constrains the derivative to zero at r = r.t,, and
the saddle point coincides with the initial NEB configuration at r = rath so that the structural
definitions of activation volume are also equal to zero. However, the trends observed in the two
descriptions are very different.
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Figure 2-11: The activation volume for homogeneous dislocation loop nucleation calculated
using three definitions: the integral of the in-plane shear displacement (open squares), the area
swept out by half the peak displacement multiplied the peak displacement (open circles), and the
derivative of activation energy w.r.t applied shear stress (solid line) is plotted as a function of the
normalized <112> {111 } shear stress in the system.
As discussed previously for shear stresses in the range of 0.6 Tath < r < 0.99 Tat, the saddle
point configurations take the form of in-plane shear perturbations whose maximum displacement
is below IbI, and as such the configurations do not constitute fully-formed dislocation loops.
Above 0.82 T.,h, corresponding to an activation energy of around 0.5 eV, the maximum
displacement of the in-plane shear perturbation is actually below 0.5 lb,| indicating that in the
simplest perspective the saddle points for stresses of 0.82 Tath < r < rath are defects where no
single particle has even broken its local FCC symmetry. Although the maximum displacement of
the saddle point configuration decreases as the shear stress is increased, the shear perturbation
begins to spread out in the plane. At stresses above 3.2 GPa the area contributing to D', that
swept out by some infinitesimal shear displacement, increases which slows down the rate at
which the structurally defined activation volume decreases as the shear stress approaches T.,.
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Figure 2-12: The maximum inelastic shear displacement decreases to zero at the athermal stress.
The spreading out of the shear perturbation in the slip plane has been observed although not
discussed by Argon and Xu in their study using the boundary integral method [44]. The
maximum inelastic shear displacement, u,,,, in Figure 2-12 decreases to zero as the applied
shear stress increases. However the area swept out by the shear displacement reaches a minimum
at 0. 8 5T,,t in Figure 2-13 and then increases seemingly towards infinity as r approaches r.at,. The
increased area swept out by the critical defect as r approaches Tath is reminiscent of the classical
work by Cahn and Hilliard on second phase nucleation in a two component system [67]. They
observe simultaneous decrease in maximum concentration and increase in the radius of the
critical second-phase nucleate for concentrations approaching the saturation limit where a second
phase will nucleate spontaneously. The correlation suggests a framework for discussion of the
observed nucleation phenomenon for dislocations. The critical configuration in nucleation theory
can be described along a spectrum bound by two extremes. On one end nucleates are taken to be
small with a sharp interface separating a large fluctuation in the property of interest, in our work
a small dislocation loop falls into this category. As the stress approaches r,,ah we observe a switch
to a critical fluctuation in shear displacement which is spread out in the plane but whose
maximum displacement is relatively small. These two extremes are described as infinitesimal in
degree but large in extent and large in degree but small in extent [67].
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Figure 2-13: The area swept out by the dislocation, defined here as the portion of the slip plane
with shear displacement > 0.003A, decreases with increasing applied shear stress until near the
athermal stress where the dislocation begins to spread in the slip plane.
A dislocation core's width is known to increase with decreasing elastic constants. We have
observed the same behavior as Tr approaches rFath and the elastic constants go to zero locally for
an in-plane shear perturbation, which can be thought of as a combination of dislocations with
displacemnents less than bp,. The discrepancy in the structural and analytical definitions of
activation volume arises because in general the stress dependence of Q is not fully contained in
the work term given by Equation 2.2 as is often assumed for studies of dislocation nucleation.
The most promising path for further exploration is the consideration of additional local atomic
relaxations associated with the emerging defect. We have discussed only the structurally defined
activation volume associated with the inelastic shear displacement within the slip plane while
dilation of the slip plane also occurs. We could also extend our analysis to additional planes
above and below the dominant shear defect although this is likely at most a minor contributor to
the stress dependence of the activation energy.
2.6 Conclusions
Near critical thresholds most thermally-activated defect processes in plasticity cannot be
considered as a function of a single parameter. Even a relatively simple process such as
homogeneous dislocation loop nucleation requires consideration of both a loop radius and a
maximum shear displacement. More generality, although perhaps not much more rigor, can be
found by considering the 3N degrees of freedom associated with the atomic positions in the local
material volume of the emerging defect. We have performed atomistic calculations of the
activation energy and saddle point configurations for homogeneous dislocation loop nucleation
using the CINEB method. With full atomistic degrees of freedom, we have observed a higher
exponent for the stress-dependent driving force for dislocation nucleation than previously
expected. With atomistic CINEB calculations we have found the exponent of the stress-
dependent driving force for dislocation nucleation to be 1.82. While the derivation of a 3/2
model is sound, it seems unlikely that it should strictly apply in the regime feasible for thermal
activation of dislocation nucleation as the model assumes a single degree of freedom.
Homogeneous dislocation nucleation is typically ignored as a possible defect mechanism
because of the assumed large activation volume associated with creating a fully formed
dislocation loop. Our atomistic simulations have shown that, although the coordinated motion of
one hundred or more atoms is required to nucleate a dislocation loop, for a large range of shear
stresses below T,, the local shear displacement associated with most atoms is very small relative
to the partial Burger's vector. The energetic penalty for production of the in-plane shear
perturbations found to play the role of saddle point configuration is relatively small for stresses
above 0.6 rat compared to the energy required to produce a dislocation loop incorporating a
similar number of particles. Consequently, activation energies below leV, which are reasonably
accessible to thermal fluctuation, exist for stresses above 0.75 Ta,. Low activation energy, due to
smaller than expect contribution from the particles involved, lends credence to the idea that
homogeneously nucleated dislocation loops could be responsible for plasticity in idealized
conditions such as those available under nanoindentation. Here we have shown that a large range
of stresses exist for which the process of homogeneous dislocation nucleation is kinetically
viable. Competition with various heterogeneous processes will be discussed in chapter five.
The structure of the critical defect at the saddle point is typically purported to contain
complete information regarding the stress-dependence for thermally activated defect processes
within its shear displacement profile. In general the language associated with defect nucleation
and propagation was laid out long before researchers had access to full atomistic information
regarding non-equilibrium defect structures. The original models considered only the shear strain
and the volume associated with the saddle point defect. By calculating both the derivative of the
stress-dependent activation energy and the structurally-defined activation volume we have shown
that the activation volume is not a simple quantification of the shear displacement of the saddle
point configuration. The two most common definitions of activation volume show quantitative
agreement for a limited range of stresses but exhibit qualitatively different stress-dependent
behavior. We have shown using atomistic CINEB calculations with empirical potentials that the
commonly used structural definitions are insufficient to fully explain the behavior of the
activation volume. However, for atomistic simulation with empirical potentials the energy of the
system is directly related to the structural configuration. As a consequence the energy of the
saddle point must be definable in terms of atomic relaxations in the vicinity of the defect.
The stress-dependence of the structurally defined activation volume diverges from the
expected behavior in part because of the spreading of in-plane shear perturbations with
maximum displacements less than the Burger's vector. As a system becomes saturated, whether
in applied shear stress, solute concentration, or likely many other thermodynamic driving forces
for nucleation phenomenon, a transition occurs in the generic description of the critical
configuration. In homogeneous dislocation loop nucleation as the stress approaches the athermal
stress, we observe that although the maximum shear displacement decreases continuously, the
extent of the defect dramatically increases. Very near the athermal stress saddle point
configurations not localized to a single slip plane suggest behavior similar to spinodal
decomposition where a phonon mode plays the role of long-wavelength fluctuation. The
behavior of the saddle point configuration for dislocation nucleation as the system approaches
the athermal stress suggests that a transition from a discrete critical nucleate, large in degree but
small in extent to a diffuse critical nucleate small in degree but large in extent should be
generically observed as thermally activated nucleation phenomenon approach the athermal limit
of their driving force.
Chapter 3
Origins of Stress Dependence for Activation
3.1 Introduction
In the previous chapter we presented an atomistic study of homogeneous dislocation loop
nucleation with the goal of illuminating the stress dependence of a classic thermally-activated
deformation unit process. The atomistic simulations intrinsically incorporate all of the stress-
dependent behavior captured by the underlying empirical potential. However, the various factors
contributing to the decrease in activation energy with increase applied shear stress cannot be
extracted from one another. In general the formulation of empirical potentials does not easily
allow for both accurate energetic description and the ability to performed parameterized studies.
When all of the stress-dependence is included in a rigorous way we do not have straight-forward
access to remove or alter the various contributors to stress-mediated behavior. Our interest in the
current chapter is to use a simpler model, over which we can exercise more control, to pinpoint
the physical origins of the stress-mediation for the test case of homogeneous dislocation
nucleation.
Arguably the most common descriptive model of a dislocation was developed by Peierls [68]
and Nabarro [69] in the 1940's. The basis of the Peierls-Nabarro (PN) model is the description of
a dislocation as a shear displacement profile localized to a slip plane coupled to two separate
elastic bodies, one above and one below the slip plane. The energy or forces associated with a
dislocation, or more generally a displacement profile, can then be formulated as the sum of two
contributions: the first due directly to the lattice disruption caused by the misfit across the slip
plane and the second due to the change in the misfit within the slip plane resulting in elastic
strain in the materials above and below the slip plane. For our purposes the energy associated
with an arbitrary in-plane shear displacement, u, is then described in general by:
Edis = Emisri,[u(x, y)]+ Ebod [V(x,y)] (3.1)
where x and y define a unique position in the slip plane.
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Figure 3-1: Schematic representation of the energetic contributions to the PN model of a
dislocation. The slip plane is represented by the horizontal dashed line, the vertical dotted lines
correspond to the original "lattice" and the magnitude of the misfit across the slip plane is given
by the arrows. In a) the constant displacement in the elastic body above the slip plane yields only
misfit energy; whereas the gradient in the displacement profile in b) disrupts the lattice above the
slip plane leading to an additional elastic energy term.
The misfit and elastic contributions are depicted schematically in Figure 3-1 where the bold
dashed line represents the slip plane and the arrows represent the magnitude of the displacement
between the reference crystal (dotted lines) and the current configurations (solid lines). If the
displacement in the slip plane is constant, as in Figure 3-la, the two elastic bodies move rigidly
relative to one another, and the only contribution to the energy of the defect comes from the
interaction of particles across the slip plane which is exactly the misfit energy term. However,
when the displacement profile is not constant in the slip plane, the elastic bodies, represented by
vertical lines in Figure 3-lb are strained in order to accommodate the gradient in displacement
profile. The second term then constitutes a contribution due to the interaction of particles within
the same elastic body.
Various formulations of the PN model have been used extensively to describe the nucleation
and propagation of dislocations [44, 70-74] and particularly in discussion of the structure of
dislocation cores [75, 76]. Our goal here is not an improvement to the PN model but to take a
well known formalism for the purpose of discussing the contributions to the stress-dependent
behavior for homogeneous dislocation nucleation.
3.2 Peierls-Nabarro Model
Although the qualitative description of the PN model has remained relatively constant much
progress has been made in calculation of the misfit energy and elastic response terms and in our
ability to couple the two. In particular the original sinusoidal approximation for the misfit energy
has been replaced with the concept of the generalized stacking fault energy (GSFE) [77, 78].
The GSFE is the energy associated with displacement of two rigid bodies relative to one another
in a particular slip system. The application of robust empirical potentials [43, 79] or even ab-
initio calculations [80, 81] currently allows for a very accurate depiction of the energetic penalty
associated with the misfit in a slip plane.
Furthermore a variational formulation of the entire PN energy model for a line dislocation has
been proposed to more accurately couple the energy due to the elastic body and the misfit energy
[75]. The governing equation for this formulation is given below:
Eis = Jy[u(X)]dX-K -dux) du 1 n I x-X'| dxd' (3.2)
where K is a generic function of the elastic constants depending on the specific combination of
edge and screw character which exists in the dislocation, y[u(x)] is the generalized stacking fault
energy and Injx-x' is the elastic energy kernel for the interaction of the gradient of the
displacement at the two points whose positions are given by x and x'. The energy functional is
then discretized at a series of nodal points to yield:
E, = Axjy[ u(x,)] + du(xX (3.3)Edis, dx, (3
where Xj is the discretized function describing the elastic interactions between nodes i and j
based on their relative positions. The details of this formulation are presented elsewhere[75, 81],
but Equations 3.2 and 3.3 are included here as the roadmap for a similar formulation of the PN
model for a circular dislocation loop.
Application of the misfit energy term in Equation 3.2 to a circular dislocation or shear
perturbation is straightforward. In general the misfit energy depends only on u(xy) and is
normalized by the area swept out by the displacement profile. We must also consider the applied
shear stress, T, transmitted through the elastic bodies. Taking into account the radial symmetry of
the displacement profile in our formulation the misfit energy and applied shear stress terms are
as follows:
E0 [u(r)]= J[yVu(r)]- r u(r)] (3.4)
A
where each term is taken as the integral over the area, A, in the slip plane. The integral is easily
transformed into a discrete formulation where ri is the radius of node i and Ar is the width of the
circular slice in the slip plane associated with each node:
EO = 2mArZ r,(yu(r,)] - r u(r)) (3.5)
The elastic interaction kernel is a much more difficult problem but one that has received much
attention. For our purposes we have taken the recent formulation by Khrashi et al of the shear
stress on a circular Voltera dislocation as the basis for the elastic interaction between two
concentric dislocations of radius r and r' [47, 82]. The resulting energy for an arbitrary, radially-
symmetric shear displacement profile is as follows:
Ed,,, = Ej[u(r)] - H(r) jdr jdf") d! rw($)dr' (3.6)
0 0
where H(r) is the shear stress-dependent shear modulus and w is the elastic interaction kernel
based on K(q) and E(q), the complete elliptical integrals of the first and second kind
respectively.
o(q)= 2(K(i)- E()) (3.7)
The goal is to implement the PN energy formulation given by Equations 3.5 through 3.7 in
the NEB framework in order to calculate the activation barrier for homogeneous dislocation
nucleation. As such we have calculated the derivative of the energy:
SEdis 2; r(Y U(r)]-v)
o5u(r)
- H(r) -"y '(r(j))dr'
0
- H(r)Jr' "ry (dG(r)) dr' (3.8)
I'
We would like to simplify Equation 3.8. First,
y (rco&)) = t(o) - jo'($) , (3.9)
and
0'(q) = (2E()) (3.10)
Application of Equations 3.7, 3.9 and 3.10 to the second term in Equation 3.8 yields:
- H(u) (2K(L) - 2E() dr. (3.11)dr r r)
0r
The third term is simply
- H(r) Jr' di""/) (2 JE(.))dr' (3.12)
r1 - .
Application of the energy functional in Equation 3.6 within the NEB framework required an
additional term because the energy kernel for the elastic interaction due to the displacement
gradient was numerically unstable. Convergence along the MEP was possible, but more often
than not high frequency numerical oscillations developed in regions where the gradient of the
displacement was largest. As a result convergence was very sensitive to the input configurations.
A small numerical correction term was added to the interaction kernel
eS(L -1) (3.13)
where e is a stabilization factor taken to be 0.01. The total energy then becomes:
Edis = EO[u(r)]+ H(r) Jdrd-""j'u-" rco($)dr' ±H(r)Jdrr("'1)2 (3.14)
0 0 0
and the variational force is:
9E= 2r r(r - y[u(r)])
Su(r)
+ H(r) '(2_K(_ ) -I 2E() )dr'
+ H(r) fr " (2 ) E~;,))dr'
1-(ft)-
+ 2eH(r)(r"}'1). (3.15)
The addition of the small stabilization factor solves the issue of high-frequency numerical noise
allowing for easy convergence to the minimum energy path.
Lastly, because our intention is to directly compare the stress-dependence of the activation
energy from the formulated PN model with atomistic calculations of the activation energy in
chapter two, we have fit the model to data from the EAM potential for Cu by Mishin et al [35].
In Figure 3-2 the GSFE for <112> {111} shear displacement per plane, x], calculated with the
Mishin Cu potential is given as a function of the affine shear displacement per plane, xO,
normalized by the partial Burger's vector. The commonly reported GSFE for zero affine strain is
found at x.'b, = 0. As xo/b, increases the unstable stacking energy decreases to zero which is a
simple illustration of an activation barrier mediated by applied affine shear. With the GSFE
surface we can calculate the misfit energy as a function of the <112> { I } displacement in the
slip plane as required by the PN model for any applied global strain state.
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Figure 3-2: The stress-dependent misfit energy, y, is plotted here in terms of the normalized
elastic, x/b,, and plastic, x1/b,, displacements between the two atomic planes surround the slip
plane. Values are normalized by the partial Burger's vector.
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Figure 3-3: The shear stress associated with simple shear for Cu calculated via the atomistic
empirical potential by Mishin.
We have also calculated the stress-dependent shear modulus using the Mishin Cu potential.
The GSFE in Figure 3-2 is denoted y indicating that the energy is given for misfit across a single
slip plane. In the framework of the multiplane generalized stacking fault energy, a series of such
misfit energies for common displacement across an arbitrary number of slip planes (71, 72, Y3, ...
etc.) can be defined. Affine shear is the upper limit of the multiplane generalized stacking fault
behavior and is denoted yo. In Figure 3-3 we have plotted the shear stress in the system, defined
via yo, as a function of the normalized shear displacement. The derivative of this curve w.r.t. the
affine shear strain at any value of applied stress is taken as the stress-dependent shear modulus,
H(T), for our PN model calculations.
3.3 Calculation of Activation Volume via the PN Model
The foundational result for our discussion of the contributions to the stress dependence of
homogeneous dislocation nucleation is a calculation of the activation energy and activation
volume given by the fully stress-dependent Peierls-Nabarro model as formulated in the previous
section. Having implemented the PN model for a radially symmetric displacement profile in the
CINEB framework, we have calculated the activation energy for dislocation nucleation over a
range of simple shear corresponding to r/r.,a = 0.5 through r/r.,h = 1.0. The free end algorithm
has been implemented in these simulations to allow for efficient sampling of the saddle point
configuration. An example CINEB pathway relaxed at TiTagh = 0.94 is shown in Figure 3-4
where the open circles are the energies calculated from the PN model for configurations along
the pathway for dislocation nucleation. The solid line is a spline fit to the energies and forces
along the path at each image. The corresponding image configurations are represented in Figure
3-5 by their displacement profile along a single radius. Each image configuration is composed of
256 nodes, i, each representing a circular slice of the slip plane with central radius, ri, and a
thickness, Ar, equal to 0.59 A. The displacement in the slip plane is constrained to radial
symmetry by the energy formulation, and as a result the displacement profile in the slip plane
can be fully described by the profile along a representative radius.
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Figure 3-4: An example CINEB reaction pathway for homogeneous dislocation loop nucleation
was calculated using the PN model (open circles) at r = 3.68 GPa.
Following the atomistic study in the previous chapter we have compiled QpN(r) data from the
PN model implementation of the CINEB (open circles) in Figure 3-6 and then performed a least-
squares fitting of the data to Equation 2.1 (solid line). The fitting parameters for Equation 2.1,
Q, and aPN, taken from the PN calculations are 13.7 and 3.09 respectively.
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Figure 3-5: The relaxed image configurations for the sample CINEB reaction pathway for
homogeneous dislocation loop nucleation at r = 3.68 GPa are a series of displacement profiles
with radial symmetry. The displacement at each of the 256 nodes representing a circular slice of
the slip plane with radius, r, are shown for the nine image configurations along the reaction
pathway.
The shear stress-dependent behavior of the PN model is quantitatively and qualitatively
different than the atomistically derived data, plotted in Figure 3-6 as a dashed line. Although in
the fit region Q, is equivalent for the two calculations, the rate at which the activation energy
dies off with applied shear stress as defined by the exponent of the driving stress is much higher
for the PN model. The exponent, aPN, is 3.1 where in the fully atomistic simulations we have
calculated a = 1.8. As a result the activation energy calculated with the PN model in Figure 3-6
is much lower at any given stress than the atomistic data. We will discuss the possible causes of
the discrepancy in activation energies between the atomistic and PN calculations at the end of
this section.
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Figure 3-6: The activation energy calculated via CINEB using the PN model (open circles)
decreases at a much higher rate with applied shear stress than the least-squares fit behavior taken
from atomistic CINEB with the Mishin Cu potential (dashed line).
The image configurations calculated by the PN model are radially symmetric in-plane shear
displacements or circular dislocation loops. A displacement profile, u(r), such as those shown in
Figure 3-5 fully describes the shear defects because the energetic formulation for this model
assumes radial symmetry. The numerical integral for the structural activation volume defined in
Equation 2.4 for this model, DQ'PN, is then taken as:
Q'P ';~i .5Ar) - r(r - 0. 5Ar) 2] u, + rc(0.5Ar)2 U, (3.16)
which simplifies to
Q'P i =2Tr ui + '257cAr 2U (3.17)
and is simply a sum over the volume of cylindrical shells of thickness Ar, central radius r; and
height equivalent to the shear displacement, u; for each node. The second term is a correction for
the center of the shear defect from r 0.0-0.5Ar, which is required because the first node in our
formulation sits at r = 0.
25 2 --- dQpNdlr
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Figure 3-7: The activation volumes calculated from the least square fitting of the atomistic
CINEB (dashed line) and PN model CINEB (solid line) activation energies reflect the difference
in stress dependence. The structurally defined activation energy calculated from the PN model
(open squares) is also plotted.
Using the structural definition in Equation 3.17 and the derivative of QPN w.r.t. Tr, we have
calculated the activation volume from the PN model. The activation volume according to both
the structural (open squares) and analytic (solid lines) definitions is plotted in Figure 3-7. The
structural definition from the PN model exhibits a change in behavior near r/r,t = 0.77
associated with the cross-over between shear perturbations with a local shear displacement
greater than |0.5bpl. Below this stress greater spreading in the plane occurs which causes a
change in the rate at which the structurally-defined activation volume decreases in the plane. The
same behavior is not observed in the derivative of QPN which decreases continuously to zero at
Tath. The relationship between the structural and analytic definitions for activation volume from
the PN model is similar to the trends observed for the atomistic simulations. In both cases the
effect of the spreading of the saddle point configurations in the slip plane at high shear stresses,
which is observed in the structurally defined activation volume, is counterbalanced in the
analytic description. As a result, for both the atomistic and PN model the analytically defined
activation volume is continuous despite the change in behavior of the saddle point near T/rah =
0.77.
The formulation of the PN model as an in-plane shear displacement coupled to a sheared
elastic continuum constrains the model to failure within the slip plane. In general we would
expect that failure modes in the slip plane would dominate for a material such as Cu with highly
localized atomic interaction and as a result the constraint should not negatively affect the
model's behavior. However, the dramatic difference between the stress-dependence of the
activation energy for homogeneous dislocation loop nucleation with the continuum PN model
and atomistic simulations challenges the assumed failure mode.
In order to determine how the perfect crystal fails under affine shear when allowed access to
full atomic degrees of freedom, we have turned to an analysis of the phonon modes under
increasing applied shear. In general the softening of individual phonon modes correspond to
specific instabilities within a lattice [83]. The energetic penalty for affine shear, y., would predict
failure near 3.91 GPa for the Cu Mishin potential whereas for shear in a single slip plane we
would expect a critical stress of 3.6 GPa [12]. The athermal stress for the atomistic simulations
was shown in Figure 2-5 to be around 3.78 GPa according to MD simulations and NEB
calculations. In the framework of the multiplane generalized stacking fault energy the athermal
stress seems to indicate a first soft mode represented by neither y, as originally expected, nor y
but rather some intermediary (72 , 73, etc. ). Some precedent for an intermediate mode going soft
first is seen in Al [84]. However, the longer-range directional nature of bonding in Al relative to
CU [40, 41] is thought to be responsible for this behavior.
Phonon analysis for Cu with the Mishin potential indicates that the lattice first becomes
unstable at 3.74 GPa and that the unstable mode corresponds to the shuffling of alternating slip
planes throughout the entire lattice. The stress at which the phonon analysis predicts crystal
instability is in line with our atomistic calculation of the athermal stress at 3.78 GPa because the
constraint of a finite atomistic simulation should increase slightly the critical stress in
comparison to the unconstrained phonon analysis. The atomistic simulation limits the phonons to
frequencies commensurate with the periodic boundary condition and the size of the supercell.
The failure mode indicated by this analysis is excluded from the formulation of the PN model.
As a result the stress-dependent behavior for the atomistic simulation and PN model is
necessarily different, near the athermal stress in particular, because the failure modes which first
result in lattice instability in one are not accessible to the other.
Although the difference in failure mode undoubtedly plays a role in the different stress
dependence of the PN model and atomistic calculations, the lower activation energy at all
stresses given by our PN model likely indicates a more severe flaw in its formulation. The
energy associated with the initial perfect crystal is equivalent for both the atomistic and PN
model calculations. From a purely structural perspective, the limited degrees of freedom in our
PN formulation should not result in a decrease of the configurational energy at the saddle point.
A well-formed energetic description with limited degrees of freedom should give higher energies
that an equally well-formed description with more degrees of freedom. Some insight has been
gained from the pursuit of this PN formulation but it seems likely that the elastic interaction
kernel is too simple to be considered an accurate reflection of the energy for a circular shear
displacement profile.
3.4 Break-down of Stress-Dependent Behavior
Although the stress dependence of the activation energy for homogeneous dislocation
nucleation is not in general well-modeled by our Peierls-Nabarro formulation, we expect that
some additional insight is possible by proceeding to study the contributions to the stress
dependence. The formulation of the PN model contains a stress-dependent shear modulus, H,
taken as the derivative of the curve presented in Figure 3-3. Under zero applied shear stress, we
have calculated the shear modulus, H, to be 41.1 GPa. We have performed a series of CINEB
simulations using the PN model with H constrained to H, for all values of applied shear stress.
The resulting activation energy, QH0, is plotted in Figure 3-8 as open circles and a least-square fit
of the data to Equation 2.1 was performed (solid line). For comparison we have also included the
observed behavior of the atomistically derived activation energy (dashed line) and the fully
stress-dependent PN model (dotted line).
The QH, data in Figure 3-8 does not fit the standard form given in Equation 2.1. The R2 value
is an order of magnitude higher than the fit to QPN data. However, by removing the stress-
dependence of the shear modulus, we do see a significant increase in the activation energy for
stresses near the athermal stress. The continuum study of activation energy for dislocation
nucleation by Xu and Argon [44] did not consider a stress dependent modulus, and as previously
discussed, the calculated activation energy was a factor of four higher than the atomistic data. In
general the stress-dependent modulus should lower the activation energy at any given applied
stress and should be considered as a possible path towards upgrading the model of Xu and
Argon.
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Figure 3-8: The activation energy, Quo,, calculated via the CINEB method using the PN model
holding constant the shear modulus (open circles) falls between QPN (dotted line) and the
activation energy from the atomistic CINEB calculations, Q (dashed line). The CINEB data does
not fit well (solid line) to the form used for the atomistic data.
In Figure 3-9 the activation volume calculated structurally via Equation 2.1 and as the
derivative of the least-square fit to QH, w.r.t. r is plotted versus the normalized shear stress. We
have also included the analytic activation volumes for the atomistic data and the fully stress-
dependent PN model.
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Figure 3-9: The activation volume calculated from the least-squares fitting of the atomistic NEB
(dashed line) and the constant shear modulus PN model (solid line) exhibit the same general
trend with significantly lower volume from the PN model. The structural defined activation
volume (open squares) from the constant shear modulus PN model increases as r approaches rTth.
The structurally defined activation volume exhibits a more dramatic stress-dependent
behavior than observed in either the atomistic data or fully stress-dependent PN model. In Figure
3-9 the activation volume increases as the shear stress increases near the athermal stress.
Furthermore, in the fully stress-dependent model the energy penalty due to the defect is lessened
by the decreasing shear modulus. The activation energy in Figure 3-8 exhibits a slowed rate of
decrease above r/r.ath = 0.8. The effects of the increasing structurally defined activation volume
in this regime are observable in the activation energy because H(r)= H, and does not lessen the
penalty for activation volume as r approaches rth.
3.5 Conclusions
Near the athermal stress the failure mode for Cu corresponds to neither shear in a single
slip plane nor to the affine shear. Instead we have observed an intermediate mode of shuffling
slip planes to be responsible for instability. The choice of a mode inaccessible to the PN model
plays a role in the mode's inability to accurately capture the full stress-dependent behavior
observed atomistically.
Holding constant the shear modulus increases the activation energy at any level of applied
shear stress. We expect that inclusion of the stress-dependent shear modulus may allow for
improved accuracy, within the limitations of the model, for some previously formulated PN
models for dislocation nucleation.
Although the PN model itself is seemingly flawed, its implementation has provided a useful
framework for analysis of the stress-dependent behavior of the activation energy and saddle-
point configurations for homogeneous dislocation loop nucleation. For shear stresses greater than
r/rta = 0.75 the structurally defined activation volume is relatively constant or in some instances
of the PN model increasing. The behavior is, in all cases, incompatible with the actual stress
dependence of the activation energy in this regime which decreases continuously to zero. A
closer look at the structure of the saddle point configuration reveals that the maximum
displacement for both the atomistic and PN model configurations decreases continuously to zero.
The nearly constant structural volume is a result of high energy activation volume at the peak
being replaced by low energy volume near the periphery of the defect as it expands in the plane.
In the original conception of the term, all activation volume was equal because the displacement
of the defect was considered constant and the volume depended only on the area swept out by the
dislocation. When the saddle point configuration becomes an in-plane shear perturbation not all
activation volume contributes equally to the activation energy. The previous statement is
different than observing that each activated particle contributes a different level of shear
displacement thus allowing the activation volume to be low while including a large number of
particles. The relationship between a displacement profile and a misfit energy function such as
the one described in Figure 3-2 indicates that at a constant applied shear stress each unit of
activated volume does not make the same contribution to the activation energy. Furthermore the
decreasing misfit energy and shear modulus with increased applied stress ensure that although
the total activated volume according to the structural definition may increase, in general the
energetic penalty for this activated volume decreases as the applied stress rises.
Chapter 4
Three-Dimensional Shear Localization in
Incipient Plasticity
4.1 Introduction
One of the first theoretical indications of the need for a localized mechanism for shear
deformation in materials came from the study published in 1926 by Frenkel in which he
estimated the resolved shear stress required for plastic deformation by shearing two rigid blocks
relative to one another [48]. The theoretical calculation showed that the stress required for rigid
shear was orders of magnitude higher than the experimentally observed onset of plastic
deformation. The simple observation of the disparity between model and experiment quickly led
to the hypothesis and subsequent discovery of dislocations. In the intervening decades our
understanding of the mechanisms for the onset and accumulation of plastic deformation has
dramatically increased to include detailed atomistic description of a vast array of defect
processes. However, simple models still have much to say regarding these unit processes for
deformation particularly in terms of calculating controlling parameters for constitutive behavior
and providing physical intuition to otherwise massively complex problems [79, 85].
The unit processes of shear deformation occur primarily at the atomistic length scale and, as
in the case of dislocation nucleation and propagation, are often the result of motion localized to a
single slip plane. However, the driving force for shear deformation is the global stress often
applied at a dramatically larger length scale and simultaneously acting on the entire system. Our
particular interest in this chapter is to discuss the process by which globally applied shear strain
localizes to form an atomistic defect capable of relieving the applied strain. The one-dimensional
chain model described first by Chang et al will be utilized as a means of discussing incipient
plasticity in a fully three-dimensional system [86]. The foundational work for this discussion is a
description of shear localization in BCC molybdenum via "wave-steepening" performed by
Chang with the one-dimensional chain model. We plan to expand the wave-steepening analysis
to a fully three-dimensional atomistic description of shear localization in Cu.
4.2 Wave Steepening Behavior
The most important parameter for the description of the onset of partial dislocation loop
nucleation is the relative displacement, in the <112> {l1 1} direction, of a series of adjacent slip
planes. By restricting all of the atoms in these planes such that they move as a single unit and
limiting their motion to the <112> {111} partial Burger's vector direction, the degrees of freedom
required to model partial dislocation nucleation can be reduced from 3N, where N is the number
of particles in the system to n, the number of planes in the system. With these constraints any
atom contained within a single slip plane can be used to describe the behavior of that plane, and
the entire system can be described by the behavior of a one-dimensional chain of atoms with a
representative from each plane. The deformation of the entire system can therefore be described
by a series of displacements in the <112> {111} direction between adjacent planes given by Ax =
(Axi, Ax 2 ... Axi, ..., Ax,,). The significant decrease in degrees of freedom creates a tractable
parameter space that allows for relatively straightforward analysis and visualization of shear
deformation. Physically accurate deformation mechanisms cannot be observed because local
atomic relaxations are not allowed, but the elegance of the model allows for a strong intuitive
understanding of the energetic barriers related to shear deformation and the initial behavior of a
mechanically unstable crystal lattice.
Constrained molecular dynamics simulation can be performed with this one-dimensional
system. In the original work by Chang in BCC Mo a simple shear perturbation was applied
normal to the slip plane [86]. In addition an initial affine shear strain very near the athermal
strain of the one-dimensional chain system was then applied. MD integration was then performed
and the evolution of the shear perturbation over time observed. The four stages of wave
steepening observed by Chang in an initially sinusoidal shear displacement "wave" were linear
growth, non-linear growth, shear shock formation, and finally atomistic defect formation. In the
one-dimensional MD simulation these four stages were well defined as the initial sinusoidal
wave exhibited first increasing amplitude and then became asymmetric while further increasing
in amplitude (wave steepening). Next the shear displacement profile became discontinuous
(wave breaking), and finally formed a two-layer twin nucleate which is the first stable atomistic
defect in a BCC Mo lattice.
4.3 Shear Localization in Perfect Crystals
In order to observe the process of shear localization in a fully three-dimensional system, a
CINEB relaxation of the pathway for homogeneous dislocation nucleation was performed using
the embedded atom method (EAM) potential for Cu developed by Mishin et al as the basis for
calculation of both the total energy and atomistic forces [34]. The calculation of the pathway is
considered converged when the sum of the atomic forces perpendicular to the path is less than
0.005 eV/A 2 in each image.
The reaction pathway for homogeneous dislocation loop nucleation within a 161280 particle
simulation cell under a constant <110>{111} simple shear strain of 0.096 (with all other
elements of the strain tensor equal to zero) is shown in Figure 4-1. The strain state was chosen
such that the activation energy is 1 eV and the saddle point configuration is a small partial
dislocation loop. The complete set of 58 input configurations included the nucleation of a leading
and then trailing partial dislocation loop so that both the initial and final configurations were
perfect crystals differing only in the strain relieved by propagation of a single full dislocation
through the simulation cell. With the goal of carefully observing the onset of dislocation loop
nucleation, the input configurations were biased such that the density of images prior to the
saddle point was approximately ten times higher than the image density along the remainder of
the path. The initial disparity in density was maintained throughout the simulation because the
highest energy image is allowed to search for the saddle point configuration during CINEB
calculations. The decoupling of the saddle point configuration, from the standard NEB path
integration, does not allow for transmission of a difference in spring force across the saddle and
the relationship between the image spacing before and after the saddle point configuration in the
final relaxed pathway is therefore unconstrained. In this way the image density along the path
can be biased toward higher density either before or after the saddle point depending on the
region of greater interest.
100
-100 0.5
-200 -
-300 0.01 0.02
S-400 reaction coordinate
_ 500-
-600
-700
-800
-900-
0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8 0.9 1
reaction coordinate
Figure 4-1: Full energetic pathway for homogeneous nucleation of a leading and trailing partial
dislocation loop under <110>{111} simple shear strain of 0.96. The inset shows the biased
image density maintained prior to the climbing image along the pathway.
As the system evolves along the path in Figure 4-1, the initially perfect crystal becomes
mechanically unstable. Before submitting to the one-dimensional chain analysis, we will
consider the behavior of the entire system as it moves along the path. Taking the perfect crystal
lattice as a reference state, the displacement of each particle in the simulation is plotted in Figure
4-2 for each of the first six image configuration. The perfect crystal develops a sinusoidal
displacement wave in the <110> and <112> directions. Proceeding along the path, shear
displacement perturbation maintains the sinusoidal behavior but increases in magnitude for each
of the initial seven image configurations. The behavior is reminiscent of the first stage of the
"wave-steepening" description of shear localization in the one-dimensional chain analysis. The
input configurations for this CINEB relaxation were created by linear extrapolation between the
initial configuration, a perfect fcc crystal, and a small dislocation loop. The initial portion of the
relaxed reaction pathway which includes a regime where all the atoms in each (111 } slip plane
move in concert was never included as part of the input.
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Figure 4-2: The shear displacement in the <110> and the <112> directions between each particle
in the initial configuration and the corresponding particle in the first eight images along the
reaction pathway are plotted here versus the normalized particle position in the <111> direction
normal to the slip plane. The displacement profiles, given in units of angstroms, show linear
growth of a shear wave until R8 , where spreading is observed in the particle displacements in
each plane.
Uniform linear growth of a sinusoidal displacement is exhibited by the entire three-
dimensional system in Figure 4-2 until R8. As the system moves further along the reaction
pathway, the range of displacement in each plane broadens which indicates that the particles in
each slip plane are no longer moving as a rigid unit. Figure 4-3 shows the progression of the
displacement profiles for the full system via representative image configurations along the
reaction pathway. The broadening of the initially uniform sinusoidal displacement wave is
shown in Figure 4-3a. Here the data is plotted such that the spacing between {1 11} planes, along
the <111> normal to the slip plane, is discernable. As a consequence we can visualize the three-
dimensional system in terms of the displacement of particles localized to discrete atomic planes.
The magnitude of the maximum in-plane shear displacement approaches |bI at R17 in Figure 4-
3b. A partial dislocation loop is forming but has not swept across the entire configuration which
results in the range of displacements at the slip plane. Furthermore, significant displacement is
observed for seven or eight planes above and below the slip plane in this unstable configuration.
Figure 4-3c shows the displacement profile for the stacking fault in R28. All particles adjacent to
the slip plane exhibit non-zero shear displacement and the range of shear displacements in the
slip plane has narrowed to values near IbpJ. In addition more planes above and below the slip
plane are now contributing to the defect. However, the stacking fault is unstable under the
applied strain, and the configuration continues to evolve as a trailing partial dislocation is
nucleated in Figure 4-3d which is associated with R34 . The nucleation of a trailing partial
dislocation is marked by broadening of the displacement profile in both the <110> and <112>
directions. However, a full dislocation constitutes displacement in the <110> direction only. As a
result increased atomic displacement in the <110> direction approaching IbI corresponds to
atomic displacement in the <112> direction returning to zero. Finally as the full dislocation
annihilates through the periodic boundary within the slip plane the system is once again a perfect
crystal in the final image configuration, Rig. The decrease in the magnitude of the affine shear
displacement by a full Burger's vector is observed in the atomic displacements in Figure 4-3e.
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Figure 4-3: The displacement in the <110> and <112> directions from the initial perfect crystal
configuration to a series of images along the reaction pathway is plotted for each of 161,280
particles in the atomistic CINEB calculation. The pathway corresponds to a) the onset of shear
localization, b) the nucleation of a leading partial dislocation loop, c) the formation of an
unstable stacking fault, d) the nucleation of a trailing partial dislocation loop and e) the return of
a prefect crystal whose strain is decreased by the Burger's vector compared to the initial perfect
crystal configuration.
4.4 Three-Dimensional 1 -D Chain Analysis
Our intention is to follow the process of shear localization for a three-dimensional system
with full atomistic degrees of freedom with an eye towards the wave-steepening behavior
described in the previous sections. The CINEB simulations remove the constraint of the one-
dimensional chain model which requires all atoms in a slip plane to move as a single unit.
However, the concept of a one-dimensional chain can still be applied to the three-dimensional
system by defining one-dimensional chains with a single atom from each of the 60 {111} slip
planes in the simulation cell. The system was divided such that each of the 2688 one-dimensional
chains contains atoms from each slip plane as close as possible to the same <111> direction
normal to the slip plane. The stacking of the { 111 } planes in the FCC structure results in a spiral
arrangement of particles in each chain. An example of one of these one-dimensional chains is
given in Figure 4-4 where all other particles in the configuration have been removed for clarity.
Each image configuration is now considered as a two-dimensional grid of one-dimensional
chains, and the behavior of each chain along the reaction pathway can be examined in order to
characterize the behavior of the three-dimensional atomistic system during homogeneous
dislocation loop nucleation.
As shown in Figure 4-2, the system no longer conforms to the one-dimensional chain model
as early as image seven, and we must switch to the three-dimensional analysis for a more
detailed picture of the systems behavior. In Figure 4-3a the displacement profiles of the 2688
chains in our system have diverged, but following each quickly becomes cumbersome. As a
result we have chosen to track the behavior of two chains in particular, the first passing directly
through the center of the developing partial dislocation, chain A, and the second as far removed,
considering the in-plane periodic boundary condition, from this center as possible, chain B. The
positions of each chain relative to the emerging dislocation loop are indicated by a white circle
and a green square respectively in Figure 4-5.
Figure 4-4: A sample one-dimensional chain in the three-dimensional configuration shows the
spiral pattern along the chain direction which is a consequence of the atomic stacking of { 11 }
slip planes in an FCC lattice
<112>
<110>
Figure 4-5: The positions relative to the emerging defect for the two one-dimensional chains
used in the current analysis are shown as a white circle, chain A, and a green square, chain B.
Chain A passes through the center of the emerging defect while chain B is as far from the center
as possible considering the periodic boundary condition.
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Figure 4-6: For each particle in chain A (points) and chain B (open squares) the displacement
between the initial strained perfect crystal configuration and a series of images along the reaction
pathway for dislocation nucleation exhibit the four stages of wave steepening. Shear localization
in chain A occurs with a) initial divergence from the uniform linear growth of the entire system
(R) and proceeds through b) non-linear growth (R8), c) formation of a shear shock (Rio) and
ultimately d) atomistic defect nucleation (R12). Displacements are given in units of angstroms.
Both chains, and in fact the entire system, initially exhibit a linearly-increasing sinusoidal
perturbation (Figure 4-2). A series of displacement profiles for chains A and B, as dots and open
square respectively, are shown in Figure 4-6 as the system evolves along the section of the
reaction pathway in Figure 4-1 prior to the saddle. Divergence in the behavior of these two
chains, as the displacement profile for chain A becomes non-linear and the magnitude of the
maximum displacement in chain A surpasses that of chain B is shown in Figure 4-6a and
constitutes the first instance of three-dimensional shear localization in our system. The linear
growth of chain B is slowed as the evolution of the system is localized towards the volume
surrounding chain A. This localization is observed as non-linear growth in chain A in Figure 4-
6b. Chain A then proceeds to a discontinuous displacement profile in Figure 4-6c, and finally to
the formation of an atomistic defect (in this case a partial dislocation loop) in Figure 4-6d. Chain
B proceeds much more slowly through this same series of behaviors and exhibits essentially
linear behavior leading into non-linear growth until after the partial dislocation loop is fully
formed in Chain A. As the dislocation loop sweeps through the slip plane, beyond the saddle in
the reaction pathway, chain B exhibits the final three stages of wave steepening behavior (not
shown).
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Figure 4-7: Atomistic configurations colored by the centrosymmetry parameter representing the
four stages of wave steepening a) linear growth, b) non-linear growth, c) shear shock formation
and d) atomistic defect formation.
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The four stages observed in the initial three-dimensional shear localization process manifest
themselves in the atomistic configurations associated with each displacement profile. The
configuration in Figure 4-7a representing the linear growth stage is plotted with atoms colored
according to the centrosymmetry parameter ranging from 6.7 x 1017, dark blue, to 1.3 x 10-,
dark red. The fluctuation is directly related to the slope of the shear displacement wave.
Consequently the break of symmetry is highest when the shear displacement is zero and
relatively lowers near the peaks and valleys of the shear wave. Shear localization really begins as
the magnitude of the shear displacement for chains normal to the emerging defect grows faster
than those in the bulk, or far from the emerging defect. Localization continues as the shear wave
in the material volume from which the defect eventually emerges goes non-linear. During the
nonlinear growth stage the maximum centrosymmetry falls between the positions of chain A and
chain B in the shear direction. The largest break in symmetry does not occur along the chains in
the center of the newly forming defect but somewhat off-center where the break in symmetry
between slip planes is augmented by the rapidly changing maximum shear displacement between
one-dimensional chains. The atoms in Figure 4-7b have the largest centrosymmetry in the non-
linear growth stage of chain A, ranging from 8.5 x 10-" to 9.3 x 10-. These particles lie in front
of and behind chain A in the slip direction and span several { I 11} planes above and below the
rapidly forming discontinuity in the displacement profile of chain A. Shear shock formation is a
metastable stage where the shear displacement wave has become discontinuous but the
surrounding elastic body has not fully relaxed. As a result the configuration in Figure 4-7c shows
the particles with highest centrosymmetry (2.0 x 10-9 to 9.0 x 10-9) not yet fully localized to the
slip plane containing the emerging defect. Lastly an in plane shear perturbation with local
centrosymmetry ranging from 1.0 x 10-, dark blue, to 4.0 x 10-5, dark red represents a atomistic
defect formation for the chains normal to the atoms rendered in Figure 4-7d.
4.5 Structurally-Defined Shear Localization at a Vacancy
To this point we have solely considered homogeneous dislocation loop nucleation, nucleation
from an initially perfect crystal, under an affine strain state. While homogeneous nucleation
serves as a valid foundation for discussion of plastic deformation mechanisms, the richness of
the field lies in a vast array of potential heterogeneous processes. Furthermore, although we have
shown that a larger range of stresses than expected exists over which homogeneous nucleation is
feasible, heterogeneous nucleation is typically energetically favorable compared to the
homogeneous process and as such may be deemed of more practical importance. In this section
the consequences of introducing a single vacancy into the previously perfect crystal will be
discussed within the framework of the wave steepening description for shear localization.
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Figure 4-8: The reaction pathway for dislocation nucleation at a vacancy, calculated with the
CINEB method and the free-end algorithm, provides the energy (open circles) and atomistic
configurations for a series of images for use in the three-dimensional wave-steepening analysis.
We have performed a CINEB simulation for dislocation nucleation in a Cu lattice with a
single vacancy under a <110> { 111 } shear strain of 0.112 such that the activation energy is equal
to 0.37 eV. The initial vacancy configuration was created by removing a single particle from the
perfect crystal lattice. The atomistic configuration was then relaxed using the conjugate gradient
method [87] at constant strain. Further input configurations were obtained via low-temperature
(0.0001 K) MD simulations at a stress above the athermal threshold. The Mishin Cu potential
was used for energy and force calculations in both MD and CINEB calculations. Again the
density of image configurations was biased towards the portion of the path prior to the saddle
point. The image density is maintained due to the decoupled "climbing image" saddle point
configuration. The resulting relaxed reaction pathway, plotted in Figure 4-8, is terminated before
reaching a stable minimum. The final configuration was relaxed using the free-end algorithm
[63].
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Figure 4-9: The positions relative to the emerging defect for the two one-dimensional chains
used in the analysis of dislocation nucleation at a vacancy are shown as a white circle, chain Avac,
and a green square, chain Bvac. Chain Ava passes through the crystal adjacent to the vacancy
while chain Bvac is as far from the vacancy as possible considering the periodic boundary
condition.
Following the three-dimensional analysis described in the previous sections, we define two
one-dimensional chains of interests. The position of chain Avac, passing through a particle
adjacent to the vacancy and in the center of the emerging dislocation loop, is shown as a white
dot in Figure 4-9. Chain Bvac, located at the green square in Figure 4-9, was chosen to be as far as
possible from chain Avac through the periodic boundary. Taking the relaxed vacancy
configuration from R, as our reference, the displacement profiles for the two representative
chains are plotted in Figure 4-10 where the displacement of each particle in chain Ava. is plotted
as a black point and the displacement of particles in chain Bva are plotted as green squares.
In Figure 4-10a the displacement profile for R5 exhibit the linear growth of a shear
displacement wave whose period is the length of the system in the <1I1> direction. the
displacement at R, is also plotted as a reference. However, in contrast to the homogeneous case
some local atomic relaxation around the vacancy is also observed in chain A,, as the system
evolves along the path. The vacancy sits in the plane whose normalized <111> position is 0.78.
The local atomic relaxation takes the form of a shear perturbation in the range of normalized
<111> positions roughly between 0.6 and 0.9. By R6 the relaxation has resulted in what appears
to be non-linear growth in chain Avac which is shown in Figure 4-10b. However, the non-linear
growth occurs in the localized perturbation near the vacancy while far from the vacancy in the
<111> direction, the evolution of the system has stalled. The higher frequency perturbation in the
vicinity of the vacancy wins out over the longer wavelength perturbation. Moving farther along
the path the displacement profile for chain Avac then precedes to shear-shock formation at R7 in
Figure 4-10c. The final localization processes, shear shock and eventually atomistic defect
formation, at R9 in Figure 4-10d, revert to the length scale observed in the example of
homogeneous nucleation. While the initial stages of the wave steepening behavior seem to be
compressed into the material volume near the vacancy, the relaxation normal to the final
dislocation or stacking fault is equivalent regardless of whether the defect was nucleated
heterogeneously or homogeneously.
Our interest is to discuss the concept of stress concentration from a structural point of view
within the one-dimensional chain framework. An important observation comes by taking the
perfect crystal with a particle removed prior to relaxation as the reference state for calculation of
the atomic displacements for each chain. In this reference frame the initial configuration, a
vacancy relaxed under a <110>{111} shear strain of 0.112, contains nonzero shear
displacements. Chain Avac, for the initial configuration, exhibits in Figure 4-11 a displacement
profile equivalent to the third stage of the wave steepening process (shear shock formation). If
the behavior of the system is observed relative to the perfect crystal reference, we see the linear
growth of the shear displacement waves in each chain. However, the localization to chain Avac
has been assured. Where in the homogeneous case we have observed preferential linear growth
followed by non-linear growth and shear shock formation, chain Avac proceeds directly from the
shear shock already created by local atomic relaxation near the vacancy towards the formation of
a dislocation loop. The choice of an equivalent reference frame (the perfect crystal) allows for a
clearer picture of the effects of a vacancy in the lattice on shear localization.
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Figure 4-10: For each particle in chain Avac (points) and chain Bvac (open squares) the
displacement between the initial relaxed vacancy configuration and a series of images along the
reaction pathway for dislocation nucleation exhibit the four stages of wave steepening. In the
vicinity of the vacancy chain Avac exhibits a) linear growth of local shear displacement wave (Ri
and R5) b) non-linear growth (R6), c) formation of a shear shock (R7) and ultimately d) atomistic
defect nucleation (R9). Displacements are given in units of angstroms.
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Figure 4-11: Displacement profile at both chain Avac and chain Bvac for the initial configuration
along the reaction pathway taking a perfect FCC lattice as the reference configurations. All
displacements are in angstroms.
The "shear shock" associated with the atomic relaxation near the vacancy extends over the
same range of <111> normalized positions, 0.6 to 0.9, for which we have observed in Figure 4-
10 the localized wave-steepening when considering the system relative to the relaxed vacancy.
Although referencing the perfect crystal, as in Figure 4-11, provides insight into the lattice's
behavior, the more accurate picture involves the competition of the long and short wavelength
shear perturbations. A volume smaller than the simulation cell is destabilized by the presence of
the vacancy, and the four stages of wave-steepening are observed in this local region. The
introduction of a vacancy overwhelming predisposes the lattice towards nucleation at the
vacancy site because some degree of shear localization has already occurred prior to any
evolution of the applied shear strain.
4.6 Conclusions
In this chapter we have discussed the process of shear localization in a three-dimensional
crystalline lattice of FCC Cu. We have adopted the wave-steepening behavior proposed by
Chang for a model one-dimensional system of slip planes constrained to move as rigid units and
expanded the description for use in a system containing full atomistic degrees of freedom. The
three-dimensional analysis requires the division of a system into a two-dimensional grid of one-
dimensional chains normal to the slip plane of the emerging shear defect which is a surprisingly
robust description of the localization behavior in a three-dimensional system.
In the case of homogeneous dislocation nucleation each one-dimensional chain follows the
generic wave steepening behavior. The first instance of shear localization occurs as chains in the
vicinity of the emerging defect proceed more quickly through the stages of wave steepening. The
magnitude of the linear growth at some chains exceeds others and progresses more quickly to
non-linear behavior. Localization stalls the progress of chains far from the more active region
while a subset of the lattice proceeds through non-linear growth, shear shock formation and
finally atomistic defect formation. As a dislocation loop sweeps out more area in the slip plane,
the chains normal to the advancing dislocation loop proceed through the wave steepening
behavior. The single description initially observed in a one-dimensional chain model accurately
describes the fully atomistic static reaction pathway for the shear localization process in a perfect
crystal.
We have also used the wave-steepening model to provide a structural description of the effect
of heterogeneities on the process of shear localization. The dominance of heterogeneous
processes over their homogeneous counterparts is well documented. Here a single vacancy is
shown to predispose the crystalline lattice towards dislocation nucleation. In one view the
introduction of the vacancy itself constitutes an atomistic defect and the vacancy's signature in
terms of shear displacement relative to the perfect crystal lattice preempts the first several stages
of the wave steepening process. The more rigorous view is taken from the reference of the
relaxed vacancy which constitutes the initial equilibrium image configuration in the CINEB
simulations. While in a homogeneous system the onset of shear localization occurs when a single
chain grows preferentially relative to the rest of the system and proceeds to non-linear growth,
the local atomic relaxations associated with a vacancy serve to break the shear displacement
wave for the chains containing particles adjacent to the vacancy. As a result, shear localization in
the chains near the vacancy is significantly favored over any other region in the crystal.
Furthermore the four stages of wave steepening are observed for a higher frequency shear
perturbation localized to the portion of each one-dimensional chain passing through the material
volume surrounding the vacancy. A single vacancy is perhaps only a model nucleation site;
however, the observed behavior highlights two properties of shear localization in heterogeneous
systems. First the presence of a lattice defect destabilizes a local region compared to the bulk
crystal and allows for shorter wavelength modes. Secondly, at least for a vacancy, even these
localized modes follow the three-dimensional wave steepening behavior we have depicted in this
work which indicates that these four stages constitute a robust description of shear localization in
material deformation.
Chapter 5
Effects of Heterogeneity on Activation
5.1 Introduction
In general real materials contain a large number and variety of defects relative to the perfect
crystal lattice due to processing or as a consequence of extended use. At every scale, from point
defects to free surfaces, defects can act as stress concentrators and heterogeneous sources of
plastic deformation via dislocation nucleation or other mechanisms. Particularly in ductile metals
the concerted action of many such sources is required to produce macroscopic deformation or
eventual materials failure. The proceeding sections contain a few examples of the defect
processes that are accessible to analysis via the NEB method. In general our interest is to discuss
how the presence of defects affects the nucleation of a partial dislocation loop similar to the
homogeneously nucleated defect in chapter two. The activation energy is taken as a measure of
the tendency for nucleation in comparison to the homogeneous case. Furthermore we will discuss
the effects of symmetry and local atomic structure on thermal activation.
5.2 Vacancy-Mediated Activation for Dislocation Nucleation
We have already shown that the local atomic relaxation associated with a vacancy provides
sufficient lattice disruption to prescribe shear localization in an adjacent slip plane. While the
structural description provides insight into the mechanism for this localization process,
understanding the ability of a vacancy to enhance plastic deformation via nucleation events is
directly related to the energetics of the process. Another point of interest is the ability of a
vacancy to modify the stress-dependent behavior observed for homogeneous dislocation loop
nucleation.
Molecular dynamics simulation of high strain-rate <112> {I I } simple shear was performed
on a FCC Cu lattice containing 161279 particles and a single vacancy. Even with a vacancy
multiple dislocations, one on each slip plane adjacent to the point defect, are nucleated almost
simultaneously. To avoid the nucleation of multiple dislocations, we effectively quench the
temperature of the MD simulation from 10 K to 0.0001 K and lower the strain immediately
following the creation of the initial nucleate. Lowering the stress decreases the driving force for
any further nucleation events to occur, particularly compared to the available thermal energy at
0.0001 K. In this way a single partial dislocation loop is formed and we can compare the
activation energy of a homogeneous and a heterogeneous process which result in identical
dislocation loops.
The FCC arrangement of particles into a crystalline lattice constitutes a stable configuration in
Cu for all stresses below Ta,,,; therefore, in the case of homogeneous dislocation loop nucleation
each NEB simulation takes an identical perfect crystal initial image configuration. However, the
local atomic relaxation around a vacancy is a stress-dependent behavior. As a result the initial
configuration for a series of CINEB simulations at increasing <1 12>{ 111} shear stress were each
relaxed via the conjugate gradient method[87]. Another perspective is that the calculation of the
activation energy for dislocation nucleation at a vacancy takes as its reference the stress-
dependent sum of the energy for the 161,279 FCC atoms in the atomistic configurations and the
vacancy formation energy for a single vacancy. A series of input image configurations for
CINEB calculations can be obtained via linear interpolation between a conjugate-gradient
relaxed vacancy and the MD-derived dislocation loop configuration. Here we again utilize the
free-end algorithm [63] to limit the number of image configurations while maintaining a
sufficient image density along the path. Nine image configurations were used in the calculations
presented here.
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Figure 5-1: The activation energy for dislocation nucleation at a vacancy was calculated via the
CINEB method (open circles) for a range of <112> {111} shear stresses, r, and fit via the least-
squares method to Equation 2.1 (solid black line). At all T the vacancy-mediated activation
energy is lower than the energy for homogeneous nucleation (dashed line).
We have plotted in Figure 5-1 the activation energy for dislocation nucleation at a vacancy
versus the applied shear stress from CINEB calculations (open circles) and from a fit of the data
to Equation 2.1 (solid line). The activation energy for homogeneous dislocation nucleation is
also plotted as the previously presented fit to Equation 2.1 (dashed line). At every value of
applied shear stress the activation energy is lowered by the presence of the vacancy. The shear
stress in both cases is normalized by the appropriate athermal stress which is 3.78 GPa for
homogeneous dislocation nucleation and 3.76 GPa for dislocation nucleation at a vacancy. The
trend supports the structural observations made in the previous chapter using the one-
dimensional chain model which indicate that the presence of the vacancy provides a higher
frequency mode which fails in advance of the dominant mode in the homogeneous case.
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Figure 5-2: The activation volume calculated as the derivative of the activation energy (solid
line) and the integral of the inelastic displacement in the slip plane (open squares) for dislocation
nucleation at a vacancy show trends very similar to the observed behavior for homogeneous
nucleation.
Following the analysis for homogeneous dislocation nucleation we have calculated the
activation volume using both the structural definition given by Equation 2.4 and as the derivative
of Q,,e w.r.t. r. In Figure 5-2 the structural definition one again seems a reasonable quantitative
approximation in the range of stress for which the saddle point is an in-plane shear perturbation
with 0.5 b, < u,,,x < bp. However the general conclusion that the structurally defined activation
volume is not an accurate reflection of the true stress dependence for activation is still observed
for vacancy-assisted nucleation.
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Figure 5-3: A series of snapshots from atomistic configurations along the pathway for dislocation
nucleation at a vacancy reveal a behavior reminiscent of a Frank-Reed source. Centrosymmetry
for all snapshots ranges from 0.037 to 0.26 with dark blue for the stacking fault (c.s. ~ 0.04) and
all other colors corresponding to the dislocation line or, as in a) the vacancy. An initial leading
partial dislocation is b) nucleated, c) grows from the vacancy, d) finally breaks free from the
point defect e) impinges on itself and f) annihilates to form a stacking fault from which g) a
trailing partial dislocation is nucleated and grows to bow out at the vacancy before eventually h)
breaking free of the dislocation and i) annihilating itself through the periodic boundary.
Seitz proposed in 1950 that large vacancy clusters confined to a single atomic plane or to a
series of adjacent atomic planes (depending on the specific crystal structure) could collapse to
form dislocation loops[88]. The model description of a dislocation loop as a cluster of vacancies
has persisted [48, 89]; however, the validity of a single vacancy as a dislocation source was
downplayed by Seitz. In Figure 5-3 we present a series of snapshots, colored by the
centrosymmetry parameter, along the reaction pathway for dislocation loop nucleation at a
vacancy under applied <112> { 111 } simple shear. Centrosymmetry for all snapshots ranges from
0.037 to 0.26 with the dislocation loop comprising the majority of the range and all the colors
other than the dark blue associated with a stacking fault (c.s. ~ 0.04). The vacancy exists in each
configuration and is observable in Figure 5-3a because of the broken symmetry of the first
nearest neighbor particles. The leading partial dislocation loop is nucleated at the vacancy in
Figure 5-3b. Unlike the homogeneously nucleated dislocation described in Figure 2-2, the
dislocation loop does not grow symmetrically from its origination point. In the homogeneous
case the center of the dislocation loop does not travel as the loop glides in the slip plane.
However, the partial dislocation nucleated at a vacancy is initially pinned to the vacancy at one
end. As a result in Figure 5-3c the dislocation glides away from the vacancy at which it was
nucleated. and the dislocation line is seen to bow out to either side of the vacancy. Uniform
growth of the dislocation loop does not occur until the dislocation line wraps around the vacancy
and the region pinned to the vacancy is annihilated in Figure 5-3d. Once the dislocation has
broken free of the vacancy it impinges on itself through the periodic boundary in Figure 5-3e and
annihilates to form a stacking fault in Figure 5-3f, which still contains the original vacancy. The
vacancy exhibits similar interaction with the trailing partial dislocation in Figure 5-3g as it is
nucleated and glides away from the vacancy in one direction while bowing around the vacancy
in the other. The dislocation then breaks free in Figure 5-3h and eventually annihilates with itself
through the boundary in Figure 5-3i leaving the original vacancy in its wake.
The behavior described above is almost exactly that of a Frank-Read source [90] where a
dislocation line pinned at two points in a slip plane bows out under applied stress and eventually
wraps around the pinning points to annihilate part of it's line length and break free as a fully
formed dislocation loop. The action of many dislocations is necessary for ductile behavior. By
allowing for the multiplication of a single pinned dislocation, dislocation sources, which can
repeatedly create dislocation loops under constant applied load, are necessary for the large
degree of plastic deformation required for ductility in metals. While the presence of a vacancy in
the lattice does not dramatically decrease the activation energy for dislocation nucleation,
vacancies can act as valid, reusable dislocation sources. In the absence of other mechanisms,
vacancy mediated dislocation nucleation may play a role in the plastic deformation of ductile
metals.
5.3 Pore-Size Effects on Dislocation Nucleation
In the previous sections we have shown that the introduction of a single vacancy to a crystal
lattice provides enhancement of the ability of the lattice to deform plastically via dislocation
nucleation from both a structural and energetic perspective. However, the strength of the
enhancement due to a vacancy compared to other heterogeneous processes is not obvious. A
vacancy can be reasonably considered as the smallest possible void that can be introduced into
an atomic lattice or perhaps more accurately as the smallest possible vacancy cluster where
instead of a void radius or other geometric parameter, the number of vacancies is considered as
the controlling parameter. Here we will explore the effects of increasingly large vacancy clusters
on the activation energy for partial dislocation nucleation under a constant strain state.
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Figure 5-4: Increasingly large clusters of atoms were removed from a perfect crystal to create
configurations with nearly spherical vacancy clusters. Each of these clusters is labeled with the
number of particles it contains.
Starting from a perfect crystal of FCC Cu with 161,280 particles an increasingly large
spherical void centered on an atomic position was removed. As a result the clusters removed
from the perfect crystal correspond to the nearest neighbors, second nearest neighbors, etc. in the
FCC structure and are 1, 13, 19, 55, 123, 177 and 225 particles in size. To illustrate the atomic
configurations, Figure 5-4 shows the clusters of atoms removed for each of the seven
configurations. Although the criterion for removal of particles was a sphere of increasing radius
the shape of each vacancy cluster varies based on the intersection between a sphere and the
discrete atomic positions in the FCC lattice. For each cluster size a MD simulation of
<112> {111} simple shear deformation at 10K with a strain rate of Ix109 s- was performed using
the Cu Mishin potential in order to capture a dislocation nucleation event. Configurations just
after the nucleation of a first dislocation loop were used as the input for a second run at 0.0001 K
and a constant <1 12>{ 111} shear strain of 0.096. The second MD run serves to isolate the first
nucleation event by quenching both temperature and stress as well as to remove thermal
fluctuations which are not part of the relaxed pathway for the static NEB calculations.
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Figure 5-5: The activation energy for dislocation nucleation under constant <112>{111}shear
stress strain for a series of increasingly large vacancy clusters indicates that the behavior is
dominated by the surface symmetry and not the cluster size at atomic length scales.
From MD-derived atomistic configurations for dislocation nucleation at a series of
increasingly large vacancy clusters, we have performed CINEB calculations under a constant
<112>{ 11} simple shear strain of 0.096. Several observations can be made directly from the
calculated activation energy in Figure 5-5 for dislocation nucleation at each of the vacancy
clusters represented in Figure 5-4. First, all the multiple vacancy clusters provide a significant
decrease in activation energy relative to both the perfect crystal and single vacancy processes.
This confirms that the probability of perfect crystal or even lone vacancy mediated nucleation is
relatively small compared to the likelihood of nucleation from larger-scale heterogeneous
nucleation sites. Secondly, the activation energy is not solely related to some trend in the cluster
size which is particularly obvious from the varied behavior of the smallest clusters. Third, the
local structure at the surface of the vacancy clusters likely plays a dominant role in allowing for
specific atomic processes for dislocation nucleation.
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Figure 5-6: The saddle point configurations along the reaction pathway for dislocation nucleation
at a) the 13 and b) 19 vacancy clusters are represented by the particles with non-FCC symmetry
which include the dislocation loops and the atoms surrounding the cluster. In addition the four
slip planes which intersect the cluster are represented by dashed lines.
Of particular interest is the dramatic difference in activation energy for the thirteen-particle
and nineteen-particle clusters. Each of these clusters is contained within three adjacent {1I}
planes but the nineteen-vacancy cluster includes the addition of six second nearest neighbors. We
are primarily interested in comparing the relaxation from the perfect crystal configurations to the
initial vacancy cluster configurations used as the starting point for the reaction pathway for
dislocation nucleation. In Figure 5-6 we examine the atomic representation of the vacancy
clusters which are taken at the saddle point along the reaction pathway for the thirteen-vacancy
cluster (Figure 5-6a) and the nineteen-vacancy cluster (Figure 5-6b). Only particles where the
FCC symmetry has been significantly disrupted are displayed. As a result the images in Figure 5-
6 include the atoms surrounding the vacancy clusters as well as the atoms in the small dislocation
loops emerging from the clusters.
In Figure 5-6 we have also labeled the four slip planes that intersect the thirteen and nineteen-
vacancy clusters. The first observation is that the dislocation is nucleated in one of the two slip
planes that intersect the center of the thirteen-vacancy cluster while in the nineteen-vacancy case
we see the dominant nucleation event in the slip plane that intersects the top of the cluster. Both
atomic planes adjacent to slip plane 3 contain vacancies while slip plane 4 is adjacent to one
complete atomic plane and one containing six vacancies. In each slip plane, the relaxation
surrounding the vacancy clusters under applied shear can be calculated in terms of shear
displacement.
In order to determine the origin of the disproportionately large decrease in activation energy
for the inclusions of vacancies in the second nearest neighbor positions, we have calculated the
shear displacement profiles in the series of four slip planes. The displacement is calculated
between the initially perfect crystal and the initial relaxed cluster configuration for the NEB
calculations. The vacancy cluster is centered in each slip plane. In Figure 5-7 we present the
shear displacement profiles in the <110> and <112> directions for each of the four slip planes
highlighted in Figure 5-6 for the thirteen-vacancy cluster.
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Figure 5-7: Displacement profiles for a series of parallel <Il l > slip planes intersecting the
thirteen-vacancy cluster illustrate the local atomic relaxation near the cluster relative to a perfect
crystal lattice.
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We have in general referred to slip systems in our discussion using the notation for the
generic families of slip planes and directions. However, in this case it is important to note that
although the axis directions in the NEB simulations presented here are in the <110> family of
directions, for the x-axis, and <112> family of directions, for the y-axis, the applied shear is not
along the direction of the <112> axis. The <112> shear strain is applied at -30* to the positive
<110> direction in the contours presented in Figures 5-7 and 5-8, which results in the nucleation
of a partial dislocation whose Burger's vector is aligned along the same <112> direction.
Not surprisingly the maximum shear displacement due to the relaxation of the lattice around
the thirteen-vacancy cluster occurs symmetrically in slip planes 2 and 3. Expansion of the shear
displacement in plane 2 would produce a phantom dislocation within the vacancy cluster. As a
result the initial dislocation nucleation event occurs in slip plane 3 where the propagation of the
dislocation through the lattice decreases the shear strain in the system. Similarly, although nearly
equivalent displacement profiles exist in slip planes I and 4 as a result of the nineteen-vacancy
cluster, under the applied shear only the propagation of the shear displacement in slip plane 4
will relax the crystal lattice.
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Figure 5-8: Displacement profiles for a series of parallel <111> slip planes intersecting the
nineteen-vacancy cluster illustrate the local atomic relaxation near the cluster relative to a perfect
crystal lattice.
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The maximum shear displacement in slip planes 2 and 3 are similar for both the thirteen and
nineteen-vacancy clusters. However, in the nineteen-vacancy cluster the maximum shear
displacement in slip planes 1 and 4 in the shear direction due to the relaxation of the perfect
crystal lattice is 0.24 A versus 0.15 A for slip planes 2 and 3. The inclusion of vacancies in the
second nearest neighbor positions creates a much larger disruption to the local atomic lattice
which predisposes nucleation in slip plane 4. The significantly increased shear displacement due
to initial relaxation also lowers the energy necessary for the nucleation of a dislocation at the
nineteen vacancy cluster.
5.4 Surface Nucleation in Nanowires
A cylindrical nanorod of FCC Cu was cut from an initially perfect crystal such that the axial
direction of the rod is normal to a { 11 } slip plane. MD simulations produce an extremely high
dislocation density. We have therefore initially deformed via MD simulation, at a strain rate of
1E9 s-' and temperature of 10 K, a nanorod whose diameter, d, is 10.8 nm and whose axial length
is only 3.13 nm. Periodic boundary conditions were used in the axial direction only. The small
configuration size allowed for the isolation of a single dislocation nucleation event at an axial
strain of 0.075. The isolated dislocation nucleate was then attached to a portion of defect free
nanorod relaxed via the conjugate gradient method at the same applied strain to create a 25 nm
long nanorod with a single dislocation nucleate. We have taken the 25 nm nanorod with periodic
boundary conditions in the axial direction shown in Figure 5-9 as our sample for the current
study, but in principle the method of spatially isolating a single dislocation nucleate allows for
the study of an identical dislocation nucleation event in an increasing long nanorod. MD
simulation cannot be relied upon to produce an isolated event for an arbitrarily large simulation
cell at the applied stress required for nucleation. Further MD simulation allows for the growth of
this single nucleate, although the simulations were performed using a periodic boundary
condition in the axial direction so that the true system is an infinitely long nanorod with a
periodic array of identical dislocations. For axial tensile loading a dislocation is nucleated at the
surface of the nanorod on a { 11 } slip plane as shown in Figure 5-10 and glides through the
interior of the nanorod to terminate in the surface leaving behind a stacking fault whose area is
related to the geometry of the nanorod (area = 2rd2).
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Figure 5-9: The nanorod configuration used for NEB calculations contains 205,480 particles and
is initially 25 nm long and 10.8 nm in diameter.
Figure 5-10: In the snapshot from an MD simulation, particles are colored according to the
centrosymmetry parameter with all FCC particles removed to reveal a partial dislocation loop
emerging from the surface of the nanorod and leaving a stacking fault in its wake.
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Having isolated a single dislocation nucleation event from MD simulation we have everything
we need to perform CINEB simulations of dislocation nucleation under applied tensile stress at
the surface of a nanorod. Our interest however is to compare the nucleation of dislocations at a
surface to the previous cases of shear driven nucleation in a perfect crystal and vacancy. The
driving stress for dislocation nucleation is the shear stress in the activated slip system. The
relationship between the resolved shear stress in the activated slip system, r, due to the applied
uniaxial tensile stress, a, based on the geometry of the crystal lattice was initially laid out by
Schmid [91]:
r= oacos DcosA (5.1)
where 1 is the angle between the tensile axis
between the tensile axis and the slip direction.
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Figure 5-11: The activation energy for nucleation of a dislocation loop at the surface of a
nanowire pulled in tension is plotted with respect to the resolved shear stress in the activated slip
system.
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The activation energy for dislocation nucleation at the nanorod surface is plotted in Figure 5-
11 for a range of resolved shear stresses. The uniaxial stress in the initial configuration along the
CINEB pathway for dislocation nucleation was taken as an approximation of the stress along the
entire path. The shear stresses presented in Figure 5-11 were then derived from Equation 5.1
taking into account that for the activated <1 12>{ 11 } slip system <D = 70.3' and k =19.7'. The
shear stress required to nucleate a dislocation at the nanorod surface under uniaxial tension is
significantly lower than the driving stress observed for any of the previously discussed
nucleation processes. However, direct comparison of the shear stress in the nanorod and the
applied simple shear in the homogeneous and vacancy examples is inappropriate. Although the
shear stress is the driving force for dislocation nucleation, the stress normal to the slip plane
plays an important role in the magnitude of the shear stress required to slide the planes relative to
one another. In simple shear for Cu, there is a compressive stress on the slip plane whereas the
tensile deformation of the nanorod yields a non-trivial tensile stress on the slip plane in addition
to the resolved shear stress. The disparity indicates a potential direction for future work
involving further consideration of the effects of a general stress state on the activation energy for
dislocation nucleation.
5.5 Conclusions
We have explored in this chapter a variety of heterogeneous processes which increase the
propensity for dislocation nucleation in ductile metals such as Cu. In general the activation
energy under applied simple shear has been used as a basis for comparison amongst the series of
structural environments with steadily decreasing symmetry. We also expect that the examples
given in this chapter are really the tip of the iceberg in terms of the dislocation processes which
can be accurately described, in the framework of transition state theory, using the NEB or other
reaction pathways sampling methods.
In particular we have shown that although a single vacancy is a relatively small heterogeneity,
point defects being the smallest possible defect in a lattice, the activation energy for dislocation
nucleation is decreased in the presence of a vacancy for any level of applied shear stress.
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Furthermore a single vacancy can act as a reusable Frank-Read source. In the absence of other
dislocation sources, vacancy mediated dislocation nucleation may play a role in the plastic
deformation of ductile metals.
A series of nominally spherical vacancy clusters has provide several insights into the
characteristics of a potent dislocation source. In general extended heterogeneities, larger in scale
than a point defect, provide a significant decrease in activation energy relative to either perfect
crystal or single vacancy nucleation sites. This confirms that the probability of perfect crystal or
even lone vacancy mediated nucleation is relatively small compared to the likelihood of
nucleation from larger-scale heterogeneous nucleation sites. However, the activation energy is
not solely related to the size of the heterogeneous nucleation site. The lowest activation energy
amongst the clusters studied occurred for a nineteen vacancy cluster. The local structure at the
surface of the vacancy cluster, or perhaps more generally the degree of symmetry associated with
a heterogeneous nucleation site, plays a dominant role in activation. Low-symmetry sites
predispose the lattice towards defect nucleation by encouraging localized shear displacement to
accommodate the local atomic structure.
Although a free surface is at least as well-suited to dislocation nucleation as a large vacancy
cluster, the effect of the extended defect relative to the bulk crystal is overshadowed in our study
by the variation in stress state. Although the shear stress in the activated slip system is the
driving force for dislocation nucleation, the stress normal to the slip plane plays an important
role in the magnitude of the shear stress required to slide the planes relative to one another. In the
simple shear under which all other defects were studied, a compressive stress is exerted on the
slip plane whereas the tensile deformation of the nanorod yields a non-trivial tensile stress on the
slip plane in addition to the resolved shear stress. the athermal stress calculated for surface
nucleation is a factor of five lower than the athermal stress for homogeneous nucleation. We
believer the result is substantially affected by the differing applied stresses normal to the slip
plane.
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Conclusions
In this thesis we have discussed the stress-dependent behavior of dislocation nucleation in
Cu in a variety of structural contexts. The coupling of MD simulations, for physically intuitive
initial pathways, and the NEB method has allowed us to probe the static energy landscape
provided by an empirical potential for both energetic and mechanistic information regarding
systems at driving stresses extending far below the athermal stress. Within this framework we
have explored a number of problems relating to the plastic deformation of FCC Cu via
dislocation nucleation.
In chapter two we calculated the activation energy and activation volume for homogeneous
dislocation nucleation under a range of applied shear stresses using fully atomistic CINEB
calculations. Near the athermal stress most thermally-activated defect processes in plasticity
cannot be considered as functions of a single parameter. Even a relatively simple process such as
homogeneous dislocation nucleation requires consideration of both a loop radius and a maximum
shear displacement. With atomistic NEB calculations we have found the exponent of the stress-
dependent driving force for dislocation nucleation to be 1.82, because dislocation does not fully
meet the single degree of freedom requirement for the derivation of a 3/2 model. The stress-
dependence of the activation energy diverges from the expected behavior in part because of the
spreading of in-plane shear perturbations with maximum displacements less than the Burger's
vector. This behavior of the saddle point configuration for dislocation nucleation as the system
approaches the athermal stress suggests that a transition from a discrete critical nucleate, large in
degree but small in extent, to a diffuse critical nucleate, small in degree but large in extent,
should be generically observed as thermally activated nucleation phenomenon approach the
athermal driving force.
Homogeneous dislocation nucleation is typically ignored as a possible dislocation source
because of the assumed large activation volume associated with creating a fully formed
dislocation loop. Our atomistic simulations have shown that although the coordinated motion of
one hundred or more atoms is required to nucleate a dislocation loop, for a large range of shear
stresses below rath the local shear displacement associated with most atoms is very small relative
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to the partial Burger's vector. Low activation energy due to smaller than expect contribution
from the particles involved lends credence to the idea that homogeneously nucleated dislocation
loops could be responsible for plasticity in idealized conditions such as those available under
nanoindentation. We have also shown that although, the structure of the saddle point
configuration is typically purported to contain complete information regarding the stress-
dependence for thermally activated defect processes, the commonly used structural definitions
are insufficient to fully explain the behavior of the activation volume.
In chapter three we continue the discussion of stress-mediated activation with the
implementation of a Peierls-Nabarro model for a circular in-plane shear displacement used in the
NEB framework. However, the stress-dependence of the PN model is incommensurate with the
atomistic results at least in part because near the athermal stress the failure mode for Cu
corresponds neither to shear in a single slip plane nor to affine shear. Instead we have observed
via atomistic calculation that an intermediate mode of shuffling slip planes, which is inaccessible
to the PN model, is responsible for the lattice instability. However some observations have been
made from the model. A closer look at the structure of the saddle point configuration from both
atomistic and PN model reveals that, although the total activation volume tends toward a finite
constant as the applied stress approaches the athermal stress, the maximum displacement
decreases continuously to zero. The nearly constant structural volume is a result of high energy
activation volume at the peak being replaced by low energy volume near the periphery of the
defect as it expands in the plane. In the original conception of the term, all structurally defined
activation volume contributed equally to the activation energy. However, when the saddle point
configuration becomes an in-plane shear perturbation in fact not all activation volume is equal.
Furthermore, the decreasing misfit energy and shear modulus with increased applied stress
ensure that in general the energetic penalty for activated volume decreases as the applied stress
rises. We have also observed, that holding constant the shear modulus increases the activation
energy for at any level of applied shear stress. We expect that inclusion of the stress-dependent
shear modulus may allow for improved accuracy in some previously formulated PN models for
dislocation nucleation within the limitations of the model.
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In chapter four we have discussed the generic process of shear localization in a three-
dimensional crystalline lattice of FCC Cu. We have adopted the wave-steepening behavior
proposed by Chang for a model one-dimensional system of slip planes constrained to move as
rigid units and expanded the description for use in a system containing full atomistic degrees of
freedom. Shear localization occurs in a perfect crystal as the magnitude of the linear growth of a
shear perturbation normal to the slip plane in some chains exceeds the displacement in others and
progresses more quickly to non-linear behavior. Localization stalls the progress of chains far
from the more active region while a subset of the lattice proceeds through non-linear growth,
shear shock formation and finally atomistic defect formation. The remainder of the crystal
continues through the four stages as the dislocation line glides in the slip plane. While in a
homogeneous system the onset of shear localization occurs when a single chain grows
preferentially relative to the rest of the system, the local atomic relaxations associated with a
vacancy serve to break the shear displacement wave for the chains containing particles adjacent
to the vacancy. The presence of a vacancy destabilizes a local region compared to the bulk
crystal and allows for localized, shorter wavelength modes which preferentially follow the four
stages of wave steepening. The observation of these four stages in the shear localization process
for both long wavelength shear perturbations in a perfect crystal and in localized shear modes
near a point defect indicate that they constitute a robust description of three-dimensional shear
localization.
While the perfect crystal provides an ideal model system for the study of the fundamental
behavior of dislocations under shear, the majority of dislocation nucleation occurs
heterogeneously. With this in mind, we have studied several heterogeneous dislocation
nucleation processes in chapter five. First we have shown that while a single vacancy is perhaps
only a model heterogeneous nucleation site, even the presence of a point defect decreases the
activation energy for dislocation nucleation. Furthermore the dislocation nucleation mechanism
at a vacancy is almost exactly the behavior of a Frank-Read source. Although this behavior has
long been expected for extended vacancy clusters, the operation of such a vacancy source is
seemingly novel. In the absence of other mechanisms, vacancy-mediated dislocation nucleation
could play a role in the plastic deformation of ductile metals. We then proceeded to the study of
dislocation nucleation at a series of nominally spherical dislocation clusters. Such extended
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defects provide an increased propensity for dislocation nucleation compared to the perfect crystal
or even point defects as observed by the relatively low activation volume for all the vacancy
clusters studied. However, although a generic trend towards decreased activation energy with
increasing cluster volume is observed, the largest decreases occurs for a nineteen vacancy cluster
whose surface structure required anomalously large atomic relaxation under applied shear. In
general we expect that any such symmetry breaking local atomic structure provides additional
means for lowering the activation energy for dislocation nucleation. Lastly we calculated the
activation energy for dislocation nucleation at the surface of a nanowire. Here the result was
substantially affected by the tensile stress state. Although the shear stress in the activated slip
system is the driving force for dislocation nucleation, the stress normal to the slip plane plays an
important role in the magnitude of the shear stress required to slide the planes relative to one
another. In simple shear for Cu, there is a compressive stress on the slip plane whereas the tensile
deformation of the nanorod yields a non-trivial tensile stress on the slip plane in addition to the
resolved shear stress. The action of many dislocations is necessary for ductile behavior.
Dislocation sources that can repeatedly create dislocation loops under constant applied load, such
as the heterogeneities discussed in this chapter, are necessary for the large degree of plastic
deformation required for ductility in metals.
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Appendix A
Practical Guide for High-Dimensionality NEB
The nudged elastic band technique (NEB) is one of an expanding group of reaction pathway
sampling methods whose purpose is to probe configuration space in an efficient numerical
manner. These methods have been developed in a variety of fields and are now increasingly
applied to problems in materials science where a large number of particles is required to
accurately describe the mechanisms of interest. We have performed a number of such studies for
topics related to dislocation nucleation. Along the way we have encountered a number of
problems and in many cases solutions to address them. Our purpose here is to discuss some
practical issues and methods related to high-dimensionality NEB where the details would
unnecessarily detract from the explanation of the physical problems discussed in the rest of the
thesis.
Well-conditioned Input Configurations:
NEB calculations simply search for the minimum energy path (MEP) between a pair of initial
and final stable configurations. The calculated MEP corresponds directly to the local saddle in
which the initial guess of the pathway falls. As a result the most critical aspect of such
simulations is the initial guess, and while the basic NEB formulation is straightforward,
producing quality input configurations can be relatively tricky. In many cases, particularly for
simple reaction parameters, input for NEB simulations are obtained via linear interpolation
between relaxed initial and final configurations [21, 92]. However, in some instances linear
interpolation between the initial and final configuration creates an unphysical or undesirable
initial reaction pathway and a satisfactory MEP is unattainable. Also when using the free-end
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algorithm [63] as an update to the general NEB formulation, the final configuration is unstable
and cannot be created with a numerical relaxation technique. These scenarios require additional
input configurations taken directly from MD simulations or perhaps produced by some other
method.
Nucleation of a partial dislocation loop at a stress low enough that a stacking fault can be
formed stably is a scenario where physically intuitive intermediate input configurations are
required. Linear interpolation between a perfect crystal configuration and one containing a stable
stacking fault yields a series of images each exhibiting rigid shearing of two half crystals relative
to one another. With a periodic boundary normal to the slip plane, the description of the
intermediate configurations is somewhat more complex but equally unphysical. Furthermore, the
initial guess will never relax to the physical pathway where a small dislocation nucleate is
formed and grows into a stable stacking fault configuration. Here a series of intermediary
configurations can most easily be obtained via MD. Because our goal is a series of images to be
used as input to a static relaxation technique (associated in MD to a temperature of 0 K), it is
advantageous to produce input at a very low temperature. In general we performed MD
simulations at 0.0001 K with the goal of limiting as much thermal vibration as possible while
still allowing for the dynamic evolution of the system. Because the reaction coordinate is the
atomic displacement for every particle, even at 1 K the kinetic energy stored in a configuration
causes problems for the NEB simulations. Although higher temperatures may seem desirable
because they facilitate the activated process of interest output is essentially useless particularly if
some linear interpolation will be performed to produce additional images. Typically we have
obtained a nucleate at some slightly higher temperature (10 K) and driving stress in excess of the
athermal load. The MD simulation was then restarted after an abrupt quench to 0.0001 K and a
lowering of the stress to the level at which the NEB simulation was to be performed. in this way
a series of configurations containing the physical intuition of a MD simulation can be used to
create a physically meaningful initial guess of the mechanistic pathway.
In the standard NEB formulation, a relaxed pathway contains a series of images evenly
spaced along the MEP. Unnecessary competition between the relaxation of the pathway with
respect to the energy landscape and the relaxation of the images along the pathway due to the
121
artificial spring force can result in a significant increase in the number of iterations required to
relax the path. If the initial distribution of images along the path is far from uniform the spring
forces can in some cases dominate the behavior of the simulation resulting in counterproductive
iterations of the path or even failure to converge. In general we have found that the artificial
spring force very successfully maintains uniform spacing along the MEP but is not as well-suited
to creating a uniform spacing, although in both theory and practice it is possible to successfully
relax a pathway with initially random spacing. Input configurations uniformly distributed in the
reaction coordinate are however much preferred to a random distribution. We have had much
success using low temperature MD simulations to output a series of configurations which are
uniformly distributed in the reaction coordinate. Typically the steps between MD-derived
configurations and the two relaxed endpoints are difficult to match as it is difficult to
approximate the length of the path prior to running a MD simulation and several attempts are
needed to obtain an appropriate number of evenly spaced configurations. Combing a few MD-
derived configurations at key points along the path in terms of defining the mechanism of
interest with linear interpolation has proven to be a practical alternative to the full set of MD-
derive configurations. Linear interpolation is performed from an initial to an intermediate, or
sometimes multiple intermediate, and then to a final configuration. The number of interpolated
images between each of the intermediate configurations allows enough flexibility to create an
initial series of configurations whose distribution is reasonable uniform without the cost of a MD
run for each guess.
A Representation of Simulation Progress:
In regards to physical problems studied with the NEB method, the relaxation of the image
spacing along the reaction pathway is not a reportable parameter. The relaxation is informed by
the physics included in the potential, but the intermediate steps are of little physical relevance.
However as our discussion thus far has indicated, the choice of inputs that will readily converge
towards the MEP is not always straightforward, and as such the ability to observe the progress of
a simulation is vital to avoid wasted computation. In particular we have found it very useful to
plot the evolution of the reaction pathway versus the NEB iterations. A sample plot is shown in
Figure A-1 for an ideal NEB run. In the sample simulation well-conditioned input led to easy
convergence of the pathway. The most useful feature of the representation of a NEB simulation
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presented in Figure A-I is that it allows for quick observation of whether or not a simulation is
converging. Rather than plotting a series of individual energy versus reaction coordinate curves,
the behavior of the reaction coordinate alone is typically an adequate indicator of the success or
failure of a NEB simulation. Simulations that have "blown up" are typically marked by a single
image configuration breaking away from the MEP due either to poorly conditioned input, some
incorrect application of the unphysical spring force, or an inadequate restoring force for the
dangling image in the free-end algorithm. In these cases the distance between the escaped image
and those around it usually expands over the period of a relatively small number of iterations.
Often the rogue configuration eventually pulls the rest of the images from the MEP and in some
cases the reaction coordinate is returned to a uniform spacing far from any physically meaningful
configurations.
6000-
5000 1
4000-
3000 -
2000 r
100()
*0 so 4 4
0.1 0.2 0.3 0.4 0.5 0.6
reaction coordinate
Figure A-1: The behavior of the reaction
indicator that a simulation is converging.
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Methods to Create and Maintain Non-Uniform Image Density:
The competition between computational efficiency and high image density along the reaction
pathway is another potential difficulty that can arise for NEB simulations with a large number of
particles. The problem is exacerbated in large systems where the reaction pathway can be long
compared even to the region of interest. In the example of dislocation nucleation, we are
particularly interested in the creation of a shear displacement in the slip plane. The atoms in the
two planes adjacent to the slip plane comprise a small fraction of the total number of particles.
As a result a significant portion of the path length is devoted to an accurate description of the
elastic reaction of the "bulk" atoms after the nucleation event has occurred. As much as one third
of the reaction pathway occurs even after the dislocation has moved through the slip plane and
been annihilated through the periodic boundary. Henkelman et al suggested a method of variable
spring constants in order to bias the image density toward the saddle point regime for a more
accurate description of the path near the saddle[62]. They modified the spring constant, k', such
that it was dependent on the energy of the configurations bounding the spring:
k ak E - if E, > E
k' ax "ref ) (A.])
k. -a Ak if E, < E,,f
where k._, the maximum allowed spring constant, Ak, the difference between k. and the
minimum allowed spring constant, and E,, the energy above which increased image density
should occur, are left as user inputs to the technique. The maximum image energy, E.1 , and the
energy at each image, Ei, are updated in the normal way. The concept of a variable spring
constant is sound but the formulation does not have the desired effect. The equilibrium condition
for the spring force at each image is met when the distances to the next image and from the last
image are equal, and the spring force goes to zero. The spring constant simply defines the
magnitude of the artificial restoring force. A variable spring constant may cause an initial
increase image density in certain situations but would require that the convergence criterion for
the gradient of the energy landscape is met prior to the equilibrium condition of the spring force.
Convergence to the path is the only real concern so data collected in this way would be sound;
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however in the large scale simulations we have run convergence to the path is slow compared to
the examples given by Henkelman et al, requiring several thousand iterations instead of less than
one hundred. As a result the spring force is able to find the equilibrium uniform spacing. In
theory appropriate values of k.ax and Ak should exist which slow the convergence of the image
spacing along the path relative to the convergence of the images to the actual MEP. In practice
the slow convergence of the images along the path seems to disrupt the convergence relative to
the gradient of the energy landscape, and as a result the simulation becomes increasingly
inefficient computationally as the two forces compete.
We have adapted the concept of the variable spring constant to a methodology that works
towards a converged path in terms of both the gradient of the energy landscape and the spacing
of the images along the path. Effectively this requires a regime where equilibrium occurs for
uneven spacing of the images along the reaction pathway. Borrowing the terminology of
Equation A. 1 we have defined a reference energy, Eref, above which the spring force will act to
set up a decrease in the image spacing as the image energy, Ei, increases. The spring force is then
defined as:
iFj = k(| R, - Rj+|I-AR I Ri-I - R,\ ( A.2)
where the equilibrium distance between images i and i-1 is modified relative to the
spacing between images i and i+1 by the factor AR which is defined according to:
(Ak -1) " -1 if E, > E, > Er,
Emax 
- Eref J
AR =< - E - Eref if E, > E & E, > E_ (A.3)
[(Akl{) - -1 fE<E
Emax 
- Ef
1if E, < Er,
The action of Equation A.3 is somewhat dramatic as even for a small Ak the final image spacing
near the saddle point can be quite small. However, the method does effectively create a
discernable decrease in the image density for high energy configurations in pathways relaxed in
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regards to the artificial spring force. The image spacing in Figure A-2 at the final iteration is
significantly compressed near the vicinity of the saddle point configuration. Moving along the
path from the saddle point, at a reaction coordinate of 0.04, towards the final configuration, the
image spacing increases until the reaction coordinate reaches 0.25. Farther along the path there is
a relatively low density of uniformly spaced images. As a result a more accurate description of
the path near the saddle point can be obtained with fewer total images and consequently less
computation.
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density. The CINEB generally takes the highest energy configuration as the eventual saddle point
which is relaxed according to a different set of forces. In general the climbing image
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methodology requires a period of initial relaxation using standard NEB in order to ensure that the
configuration chosen to search for the saddle is in fact near to the saddle point. Once the
simulation has converged to within the vicinity of the correct path, CINEB iterations using a well
condition initial guess of the saddle point can be performed. The decoupling of the saddle point
configuration in the CINEB method does not allow for transmission of a difference in spring
force across the saddle, and the relationship between the spacing before and after the saddle point
configuration in the evolving pathway does not affect the relaxation. Therefore, once a
reasonable description of the path is obtained, it is possible to add more images to one side or the
other, via linear interpolation for example. In this way a difference in image density is
maintained and a more accurate description of the pathway either before or after the saddle is
obtained. The use of the CINEB method to maintain biased image density is exhibited in Figure
A-2 where the image density prior to the saddle point is significantly higher than after. Our study
of shear localization is a prime example of the usefulness of this procedure. In this particular
example maintaining the density used prior to the saddle along the entire reaction pathway would
have required an order of magnitude more computational time.
Another method for gaining additional information in a very localized portion of the reaction
pathway takes advantage of a disconnect between choosing the reaction coordinate as any
change in particle position while using empirical potentials that are, correctly, insensitive to rigid
translation of the crystal. The NEB methodology has no built in mechanism for correcting a rigid
translation and neither the energetics nor the calculated minimum energy path are affected by the
presence of such a translation. However by introducing translation between two images the
pathway is effectively stretched in terms of the reaction coordinate. More images are required to
transverse this length of path because each particle contributes to the reaction coordinate a small
displacement due to the translation. Reversion of the increased image density to the physical path
length is easily performed by resetting the center of mass for each configuration along the
pathway to the same position. The advantage of this method over all others discussed above is
that it can be used at any point along the pathway. In general the best results are obtained by first
relaxing a series of uniformly spaced images to the minimum energy pathway. With the
mechanistic information provided by these images, the region of interest is easily identifiable.
Relaxed images just before and just prior to the local pathlength of interest become the boundary
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of the translated region. By performing any simple, equivalent translation on all the images prior
to the region of interest and then interpolating between the two chosen boundary images an
increased image density can be naturally maintained with no change in the NEB formulation.
Updated Free-end Method (Catching an Escaped Path):
When using the NEB method to calculated the activation energy for a specific process, it is
often beneficial to use the recently devised free-end algorithm to increase computational
efficiency by reducing the number of images required to accurately describe the path in the
vicinity of the saddle point. In general the NEB method requires two stable end points which are
relatively easy to obtain via numerical relaxation techniques such as the conjugate gradient
method. However, the unstable configuration from which the "free end" algorithm derives its
name poses a practical difficulty not encountered in standard NEB implementations. We have
discussed above the use of MD simulations to condition input data for use as either intermediate
or unstable final images. In general these images are not fully relaxed to the minimum energy
path (if they were the NEB method would be redundant). While the free-end algorithm is
designed to swing the final configuration along the energy landscape in order to keep the
preceding images from relaxing down the gradient in the energy landscape, in practice the path is
prone to escaping from the free end. The basic algorithm has no means for restoring the path
once a portion has moved below the free end.
It is difficult to visualize the behavior of these pathways in the high-dimensionality space
needed to describe them. However, our observation has been that the portion of the path that
escapes the free end does so by moving more quickly towards the minimum energy path than the
free-end itself. Consequently, by taking the initially escaped image as a new free end, the process
of escaping can be used to search for a stable free-end configuration. Since the goal of the free
end algorithm is the use of relatively few image configurations there are typically not many to
spare and simply discarding the defunct free end and replacing it with the escaped image can
quickly remove too many of the images. We have found the process of taking the escaped image
as a new free end and then linearly interpolating between the new free end and the current saddle
point to be the most effective means of searching for a stable free end. In Figure A-3
unconverged reaction paths before and after updating the free end are plotted in the standard
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energy versus reaction coordinate representation. We updated the free end and performed linear
interpolation when the energy of the image prior to the current free end is less than or equal to
the energy of the free end. Earlier criterion are likely possible, but the simple energy criterion has
proved effective. A series of such free end updates may be necessary. In Figure A-4 the pathway
escapes from the free end five times, as observed by the discontinuities in the reaction coordinate
versus iteration, before finally relaxing to the minimum energy pathway
before after
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Figure A-3: The reaction pathway for an unconverged NEB simulation utilizing the free-end
algorithm is a) susceptible to escaping the 'free end' but b) can be caught via a simple addition to
the methodology.
We must also note that the use of linear interpolation is particularly useful in this case
because of the nature of the saddle point configuration. We show in chapter two that for
homogeneous dislocation nucleation the saddle point is an in-plane shear perturbation for a large
range of shear stresses below the athermal stress. Linear interpolation from a perfect crystal to a
shear perturbation past the saddle point gives a series of shear perturbations with increasingly
large maximum displacement. For stresses approaching the athermal stress such a series of
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configurations is a reasonable guess at the pathway near the saddle. Linear interpolation of a
fully formed dislocation loop, as would be required at lower stresses, creates a series of in-plane
shear plateaus which are non-physical. As a result the method described above for catching an
escaped free-end takes longer to converge because each linear interpolated guess of the pathway
between the saddle and the free end is initially non-physical. In this case some other method for
updating the path after it has escaped the free end may be necessary.
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reaction pathway escapes from the free end and is updated five times before
free end which allows the simulation to converged to the minimum energy
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